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Abstract

CuZrAl and CuZrAl-V and CuZrAl-Co amorphous alloys were cast by rapid suction
casting. Flow serrations and fracture morphologies of the base monolithic CusoZrs3Al; bulk
metallic glasses (BMGs) are first studied by compression at a low strain rate and analyzed by
an energy release perspective.

Vanadium or cobalt from 3 to 10 at% is alloyed to the amorphous CuZrAl base alloys to
induce precipitation in order to form the bulk metallic glass composites (BMGCs) with
micro-sized second phase domains. The V-rich second phase formed during rapid cooling
possesses a sharp dendrite shape, inducing stress concentration in the amorphous matrix and
lowering the mechanical performance. The Co-rich phase, formed from liquid phase
separation, possesses round morphology, lowering the stress concentration and raising or
sustaining the mechanical properties.

Meanwhile, 1 at% vanadium was alloyed to the amorphous CuZrAl base alloy to induce
nano-sized B2-CuZr phase formation in order to improve compressive plasticity. It was found
that the dilute vanadium addition induced B2-CuZr formation and, thus, improved plasticity
of the CuZrAl alloy. The role of vanadium on plasticity improvement was discussed in the
frame of shear band multiplication, energy dissipation during shear banding, twinning/phase
transformation of the B2-CuZr particles during deformation, and deformation induced
B2-CuZr particle coarsening.

It was suggested that such transformation induced plasticity would show dependence on
the B2 particle size, which in-turn depends on the inlet shape of the suction casting mold in
use. It follows that the final task of this research was to examine the effects of the B2 size and
distribution, resulted from the sharp or blunt inlet mold, on the mechanical plasticity in the

CuZrAl and CuZrAlCo BMGs and BMGCs. It appears that the B2 particles need to be over



some critical size to induce the martensitic/twinning transformation into the B19’ phase
(sometimes with twins embedded). An analytic model, based on melt flow dynamics with or
without vena contraction, is established, and the agreement between experiment and model is

satisfactory.

Keywords: metallic glass; composite; microstructure; compression test; casting; martensitic
transformation; twinning
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Chapter 1 Introduction

1.1 Amorphous alloys

In contrast to crystalline materials, amorphous alloys are thermodynamically metastable
materials and disordered materials that lack crystalline periodicity or are classified to lack the
long-range-order (LRO) structure. Instead, higher degrees of short range order (SRO) than
that in a liquid is maintained in the amorphous alloys. Due to such a structure, amorphous
materials have also been called as metallic glasses, glassy metals, liquid metals, or

non-crystalline metals.

When a liquid melt is cooled to a solid state slowly, the liquid melt would reach the
equilibrium and solidifies into the lowest energy state structure, i.e. a crystalline lattice. By
contrast, if a melted alloy is cooled rapidly, there would be not having sufficient time and
energy to rearrange for heterogeneous atom nucleation. Thus, the liquid reaches the glass
transition temperature and solidifies as an amorphous alloy. Hence, normally, high cooling
rates are required to produce amorphous alloys in the form of ribbons, flakes, powders or
rods. Furthermore, global researchers have discovered many methods to fabricate amorphous
alloys by employing much lower cooling rates or various combinations of alloy compositions.
By eliminating the limit of sample size to form the bulk metallic glasses (BMGSs), they can
expand their applications in engineering areas further. In general, BMGs need to measure a

dimension over 1 mm. The largest BMGs so far reach 85 mm in billet diameter.

In comparison with crystalline materials, amorphous alloys exhibit a unique atomic



structure without dislocations and grain boundaries. Due to such unique structure, amorphous
alloys result in excellent properties in mechanical strength and toughness compared with
those of the corresponding crystalline alloys. Moreover, bulk metallic glasses have attracted
extensive interests over the past decades [1-7] due to following unique mechanical and
physical properties: (1) high strength and hardness, (2) large limit of elastic deformation
about 2%, (3) high elastic energy, (4) absence of distinct plastic elongation due to the
inhomogeneous deformation mode, (5) good shaping and forming in the viscous state, (6)
good fatigue properties, and (7) reasonable corrosion resistance. The fundamental

characteristics and application fields of amorphous alloys are listed in Table 1.1 [1].

1.2 Bulk metallic glasses

Bulk metallic glasses (BMGs) have attracted wide attention because their unique
properties, such as high strength, large elastic limit, good shaping properties in viscous state,
and reasonable corrosion resistance [1, 5, 6, 8]. However, metallic glasses are also known for
being extremely brittle, failing in a catastrophic manner, as a result of the formation of
localized shear bands [2, 9]. In crystalline metals, the interactions of dislocations will produce
strain-hardening and homogeneous deformation, thus, the crystalline materials can exhibit
deformation stability and result in notable tensile plasticity. In comparison, due to the
absence of the easy-slip deformation feature and good strain-hardening ability for most
ductile crystalline alloys, strain-hardening or homogeneous deformation does not happen in
BMGs during deformation. Thus, the plastic deformation in BMGs performs as an

inhomogeneous deformation [2, 9].

Due to the localized shear band deformation in narrow zones when plastic deformation
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was initiated, shear bands propagate fast and cause the catastrophically fracture before or
upon yielding, and are unable to accommodate remarkable plastic strain until failure [10, 11].
In tension, metallic glasses can be stretched elastically to typically about 2% of strain,
followed by drastic shear-off fracture [9]. In compression, highly localized shear along the
principal shear plane dominates and the materials usually exhibit shear softening and

insufficient plastic strain [10, 12, 13].

To overcome the dilemma and extend the application in engineering fields, global
researchers have made some efforts to improve the toughness of BMGs. The strategies for
improving the mechanical properties have been developed and could be divided into two
ways: one is intrinsic toughening for example by increasing the Poisson’s ratio [14-16], and
the other is extrinsic toughening by developing a composite microstructure within the glassy

matrix, namely, forming the bulk metallic glass composites (BMGCs) [14, 17-22].

Recently, it was demonstrated that the plasticity of BMGs could be enhanced by
introducing micron or nano-scale into the amorphous matrix [20-34]. For example, Pauly et
al. [29-32] showed that the presence of B2-CuZr nanoparticles in a Cus75Zr475Als alloy could
apparently improve its tensile plasticity. The B2-CuZr nanoparticles, ~10 nm in the as-cast
condition, were able to undergo twinning, phase-transformation, and coarsening (to about 50
nm) under deformation. These deformation processes could prevent from plastic instability
and could dissipate energy, thereby improving the ductility. Wu et al. [33, 34] also
demonstrated that a minor 0.5 at% addition of Co in the Zr,sCus75A14C0g 5 alloy could further
improve the tensile ductility, due to much larger spherical particles (or regions) up to 100 um
which contains ~80 nm B2-CuZr nanoparticles. In this Co-containing alloy, the strain

hardening rate was enhanced and plastic instability was suppressed due to a B2-CuZr to



B19’-ZrCu martensitic transformation, similar to TRIP (transformation-induced plasticity)
steels. The results show that BMGs have potential to exhibit remarkable plasticity for

applications in many fields if some unique structures are inhered in.

1.3 Motivation

Bulk metallic glasses (BMGs) have attracted tremendous attention due to their unique
properties, such as high strength, large limit of elastic deformation, good shaping properties
in viscous state, and reasonable corrosion resistance, compared to their crystalline
counterparts [1, 5, 6, 8]. The Cu-based BMGs have been developed due to the low cost and
plastic nature of Cu. Recent developments on the Cu-based metallic glasses have resulted in
several promising systems such as Cu-Zr-Ti [35, 36], Cu-Hf-Ti [36], and Cu-Ti-Zr-Ni [37],
with high room temperature fracture stress ~2 GPa and elastic strain ~2%. Among them, the
Cu-Zr-Al system was found to be a good candidate with high strength, high glass forming
ability (GFA), and reasonable ductility [31, 38-40]. It is a suitable alloy system to study

further.

However, such monolithic metallic glasses still do not exhibit sufficient and stable
ductility at room temperature for industry application, owe to the localized and
inhomogeneous shear band deformation at room temperature [2, 9]. The macroscopic
deformation mode of BMGs is often closely associated with one single shear band along the
principal shear plane. This macro principal shear band almost dominates the overall plastic
deformation process until failure [12, 13]. In fracture morphologies, the characteristic of
vein-like patterns spread over the fracture surface is a typical feature for BMGs. The reason

for the formation of vein-like patterns can be attributed to the drop in viscosity within a shear
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band upon catastrophic failure. For BMGs compressed at low strain rates, the plastic region

of stress-strain curve was always accompanied with numerous flow serrations.

In this study, before we try to find out how to improve the plasticity, we have to study
the issue that why a shear band could cause the catastrophic failure. In the plastic region of
stress-strain curve, the flow serration is obviously related with elastic energy releasing.
Furthermore, the temperature rise by energy releasing, even reaching to the melt point of
BMG, may play an important role in the local change of viscosity, which eventually leads to
the vein-like patterns on the fracture surface. A BMG with a homogeneous glassy structure
and reasonable plasticity is necessary for analyzing flow serrations and shear band
propagation. Thus, flow serrations of BMGs during plastic deformation would be analyzed in

an energy release perspective.

To clarify this issue, the monolithic Cu-Zr-Al BMG with a higher glass transition
temperature (Ty) and melting temperature (Tr) is a good candidate for the examination of
temperature rise. We estimate the energy release for one serration and for final catastrophic
failure, and compare the difference in temperature rise. Fracture morphologies are also

discussed based on the temperature rise.

After that, we have to find out how to stop or obstruct the propagation of shear band in
order to prevent BMGs from catastrophic failure. As a result of the highly localized shearing
in narrow shear bands along the principal shear planes, BMGs usually exhibit shear softening
phenomena and the lack of sufficient plastic strain in their stress-strain curves [10, 12, 13].
The development of bulk metallic glass composites (BMGCSs), either extrinsically by adding

other second phases or intrinsically by promoting phase separation, nano/micro-scale



precipitates, has been demonstrated to be a promising way in improving the plasticity.

Recently, it was demonstrated that the plasticity of BMGs can be enhanced by
introducing nano-scale precipitates (or nano-scale particles embedded in micro-scale
precipitate phase region) into the amorphous matrix [20-34, 41, 42]. In careful examination of
the papers by Pauly et al. [29-32] and Wu et al. [33, 34], we note that the size of the B2 phase
seems to impose some effects on the twining or martensitic transformation. The B2 particles
smaller than about 25 nm in Cus75Zr475Als [29] or about 80 nm in ZrygCus75A14C005 [33]

were not seen to exhibit twining or martensitic transformation.

Moreover, we notice that the influence of micro-sized precipitated phase on mechanical
properties in different alloy systems could be varied with different compositions, sizes,
volume fractions, or shapes of these precipitated phases. Among them, the second phase
shape and morphology effects on mechanical properties of bulk metallic glass composites are

of interest.

Thus, in this study, our major aim is to find out the more effective way to improve
plasticity by introducing nano-scale precipitates or micro-scale precipitated phase. At the
same time, it is of interest to explore what the critical size of the B2 particles is that would

lead to twining or martensitic transformation induced plasticity.

In this study, two elements, V and Co, are introduced into the base CuZrAl bulk metallic
glass. As shown in Table 1.2 [43], the mixing enthalpy of the binary Cu-V (+5 kJ/mol) or
Cu-Co (+10 kJ/mol) system is positive and the mixing enthalpies of the other binary systems

are all negative. Vanadium has similar thermodynamic features as Co with respect to the



Cu-Zr-Al system. Furthermore, minor addition of vanadium changes the crystallization mode
to encourage the precipitation of Cu-Zr phase of the samples and leads to change of
mechanical properties. However, glass forming ability of BMGs decreased with further
increasing V content [44]. Furthermore, since the heat of mixing between the two major
constituents in this system, Cu and Zr, is more negative than that between other elemental
combinations, more B2-CuZr particles are expected when a small amount of V or Co is added
to displace Cu from the amorphous matrix. It is suitable to examine the microstructure and
mechanical response, particularly the possible occurrence of twining or martensitic

transformation associated with such fine particles.

Furthermore, according to the simulated vertical sections as shown in Figures 1.1(a) and
1(b), there could be miscibility gap in the liquid state, containing two liquid phases L1 and L2.
Our original goal was to cast a BMG with two glass phases. However, the V- or Co-rich
liquid phase does not inherit with high glass forming ability, thus the V- or Co-rich region
was found to be crystalline, imbedding in the CuZrAl-rich amorphous matrix and forming
BMGCs. This allows us to examine and compare the mechanical response of these two

BMGCs with different second phase shapes and morphologies.



Chapter 2 Background

2.1 The history of amorphous alloys

In 1960, Klement et al. [45] fabricated metallic glasses by using a splat quenching
approach in the binary Au-Si alloy, as shown in Figure 2.1 [46]. It was recognized that this is
the first method to rapidly quench from melt metallic liquid to metallic glass ribbons. Until
1970s, the technique of melt quenching was the major method to fabricate metallic glasses,
and it had been extensively innovated to produce various metallic glasses. In 1970s and
1980s, the casting processes were developed to produce ribbons, wires, and sheets for the
commercial manufacture [47]. Although the formation of metallic glasses was limited by

high cooling rate, the development of metallic glasses still increased the attentions.

In 1970, Chen and Miller [48] produced uniform long amorphous alloy ribbon samples
with 2 mm wide and 50 pum thick due to flattening out quenching of dropped alloys between
two rotating wheels, as shown in Figure 2.2 [46]. This two roller technique removed the
limitations of amorphous alloys, and it is a continuous process to be applied for preparing

thin solidified films or foils.

In 1974, Chen et al. [49] produced amorphous alloy spheres of ternary alloy system in
Pd-Si-N (N = Ag, Cu or Au). In the Pd-Cu-Si and Pd-Ag-Si ternary alloy system, some alloys
showed the extended temperature interval in supercooled liquid region of 40 K. In addition,
the Pd775CueSiies metallic glass could be fabricated in the millimeter scale in diameter (0.5
mm) and show the existence of glass transition. The results proposed by Chen et al. [49]

enabled worldwide researchers to engage in the detailed studies in metallic glasses. At the



same year, Chen [50] made systematic investigations on ternary Pd-T-P alloy systems (T =
Ni, Co or Fe) and these alloys could be cast with a thickness of 1 mm. Even the Pd-Ni-P
system was considered as the first production of bulk metallic glass (BMG) if one defines the

millimeter scale as bulk [51].

In 1976, the chill block melt spinning method (CMBS) was developed by Liebermann
and Graham [52], the method involves the formation of a melt jet by the elimination of a melt
alloy through an orifice and the impingement of this jet against a rapidly moving substrate
surface, as illustrated in Figure 2.3 [46]. The puddle which results from continuing
impingement of melt jet serves as a local reserve from which ribbon is continuously formed
and chilled. Among various rapid solidification processes, due to the simplicity in fabrication
and effectiveness of rapidly solidified ribbons, the single roller chill block melt spinning

becomes the most popular method.

In the beginning of 1980s, Drehamn et al. [53] subjected the samples to surface etching,
followed by a succession of heating and cooling cycles. They decreased heterogeneous
nucleation of crystals and then successfully produce BMG in Pd4oNisoP2 with a diameter of 5
mm. In 1984, Kui et al. [54] used a boron oxide fluxing method to fabricate the PdsoNigoP20

BMG and successfully extended a critical casting thickness up to 10 mm.

In 1980, the planar flow casting (PFC) process was developed by Narasimhan and his
coworkers [46], the schematic diagram is illustrated in Figure 2.4 [46]. The major difference
between CBMS and PFC is that the nozzle of the PFC process is brought closer to the
quenching wheel, so that the melt is more stable to suppress oscillation of puddle. Therefore,

the PFC process not only allows a better control of ribbon dimension but also enhances



process stability. Hence, it improves the quality of amorphous ribbons and makes wider

amorphous ribbons easily.

In the late 1980s, the rare-earth materials with Al and Fe metals were investigated by
Inoue’s group of Tohoku University in Japan. They found a wide supercooled liquid region in
the Al-La-Ni and Al-La-Cu alloy systems [55, 56] while they studied rapid solidification for
these systems. The LassAlasNigalloy could be cast by the copper mold with water cooling
into the cylindrical BMG samples with diameters up to 5 mm or sheets with similar
thicknesses. Furthermore, the LassAlxsNigCusg alloy was fabricated up to 9 mm in diameter

by using the same method [57, 58].

Due to the cost and heavy weight of Pd metal, the light weight metallic glasses with the
aim of improving the specific strength, such as Mg, Al, Ti and Zr-based alloys, were
developed. In 1991, Inoue’s group investigated the Mg—Cu-Y and Mg-Ni-Y ternary alloy
systems. The largest glass forming ability (GFA) was found in the MgesCuzsY 10 alloy [59].
At the same time, the Zr-Al-Ni—Cu alloys with a high GFA and good thermal properties was
developed by the same group, and the ZrgsAl7sNipCuiz s alloy showed the excellent critical
casting thickness up to 15 mm and the extensive supercooled liquid region of 127 K [60]. In
1997, Inoue’s group replaced 30% Ni (in at. %) by Cu in the Pd4NisP2o alloy and produced
an alloy with a diameter of 72 mm [61]. The Pd—Cu-Ni-P alloy system has been considered
as a highest GFA alloy system. Figure 2.5 shows the critical casting thicknesses of metallic
glasses over the years [62]. As show in Figure 2.5, the evolution of these alloys demonstrated

that alloy composition plays an important role in the critical size of BMG.

Subsequently, Inoue [63] proposed the empirical rules to form BMGs with a high GFA
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and lower critical cooling rate. They succeeded in finding new multicomponent alloy systems
mainly consisting of common metallic elements. With the contributions of the studies in
metallic glasses, Inoue’s group made many efforts in the development of metallic glasses. In
2000, the discovery of amorphous alloys with many engineering properties has been paid
much attention. Inoue’s group had done lots of extensive works on amorphous alloys about

stabilization phenomena, crystallization behavior and fracture characteristics [1].

So far, many researchers have been searching for new alloy compositions to improve the
thermal properties and mechanical behaviors and investigating the microstucture and
deformation mechanism of these alloys. In 1999, Inoue et al. [64, 65] developed the high
strength and good ductility composite with the amorphous matrix of Zr-Al-Cu-based BMG
containing nanocrystalline phases. The mechanical properties of this alloy are better than
those seen in some monolithic BMGs [64, 65]. After that, more and more global researchers
paid attentions on the metallic glasses and metallic glass composites reinforced by

nanocrystals.

2.2 The fabrication methods of amorphous alloys

During the past fifty years, amorphous alloys were fabricated by various methods and

could be generally divided into three types [46]:

(1) from gas state to solid state: sputtering and vacuum evaporation

(2) from liquid state to solid state: splat quenching method, single or two-roller

guenching process, spray forming process, chill block melt spinning process
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(CMBYS), planar flow casting process (PFC), casting method by a conventional

metallic mold and high pressure die casting method

(3) from solid state to solid state: ion beam mixing, ion implantation, mechanical

alloying (MA) and accumulative roll bonding (ARB)

In all the above mentioned methods, the liquid quenching method is the major method
widely applied to fabricate different types of amorphous alloys such as powders, wires,
ribbons and bulks. In liquid quenching method processing, the alloys are sucked, poured or
injected into the casting mold with a high cooling rate of 10>-10° K/s to result in amorphous

alloys after a short period homogenization.

2.3 The forming condition of amorphous alloys

2.3.1 The glass forming ability

The amorphous alloys could be fabricated by a rapid quenching process when the
quenching rate exceeds its critical cooling rate (R¢). Glass forming ability (GFA) is related to
the ease of glass forming for the alloys, and the high GFA of alloy system means a larger size
of amorphous alloys is obtained easily under a lower cooling rate. Moreover, GFA is very
crucial indicator to understand the origins of glass formation and also important for designing

and developing new metallic glasses.

The GFA is evaluated in terms of the critical cooling rate (R;) for forming amorphous.

The smaller R; means the higher GFA of alloy system since the nucleation of a crystalline
12



phase can be suppressed during solidification process with the minimum cooling rate.
However, the parameter R, is difficult to evaluate precisely. So far, worldwide extensive
efforts have been devoted to study for a more simple and reliable criterion for quantifying
GFA of amorphous alloys. Furthermore, many criteria have been proposed to describe the
relative GFA of amorphous alloys on the basis of the characteristic temperatures measured by

differential thermal calorimetry (DSC) or differential thermal analysis (DTA).

The most well known criterions are the supercooled liquid region,ATyx (= Tx-Tg, Where
Ty is the onset crystallization temperature and Ty is the glass transition temperature), and the
reduced glass transition temperature, T,q [66, 67] (= To/T), where Ty is the glass transition
temperature and T, is the liquidus temperature). Usually the ATy and T4 are popularly used

as indicators of GFA for metallic glasses.

According to the DSC trace of the amorphous alloys in a heating process, there are two
reactions before the alloys melt, one is the glass transition reaction with an endothermic
phenomenon and the other is the crystallization reaction with an exothermic phenomenon.
Therefore, the supercooled liquid region is defined as the region between glass transition
temperature and crystallization temperature, which can be expressed as ATy (= Tx-Tg). The
region represents the thermal stability of alloy, i.e., the amorphous alloys with a wide ATy
exhibit a good thermal stability which indicates that metallic glass has superior resistance
against crystallization from the supercooled liquid upon heating. Figure 2.6 [1] shows that R.
decreases with increasing ATy so that the fabrication size of metallic glasses would be

increased.

Another parameter is the reduced glass transition temperature Ty (= T¢/T)), proposed by
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Lu et al. [66, 67], shows a better correlation with GFA than that given by T,y’ = Ty/Tr [68]
for BMGs, where Ty, is the solidus temperature. The larger T,y value leads a lower critical
cooling rate to fabricate amorphous alloys, thus, the better GFA. Therefore, the tendency for
Rc is prefer to decrease with increasing Tq, as shown in Figure 2.7 [1]. In the viewpoint of T,g
(= Tg/Ty), selecting a proper composition close to deep eutectic point is useful for the
probability of cooling fast through the supercooled liquid region and avoiding any occurrence
of crystallization, thus, the GFA of the selected alloy system would be better. For most alloy
systems, the glass transition temperature is affected slightly with the change of alloy
composition, however, the liquidus temperature changes distinctly with changing the alloy
composition. In other words, the reduced glass transition temperature T,y exhibits a strong

dependence on alloy composition.

Unfortunately, although both AT, and Ty/T, are used as indicators of GFA for
amorphous alloys, not all amorphous alloy systems are suitable for using these two indexes to
judge the degree of vitrification. Waniuk et al. [69] had confirmed that the parameter Ty/T; is
well correlated with GFA in Zr-Ti-Cu-Ni-Be alloys, whereas the glassy compositions with
the largest ATy are actually the poorest for glass formation. In other words, the AT, value has
no obvious trend with GFA in this alloy system. In addition, Inoue et al. [35, 36] also proved
that the GFA for amorphous alloys is more related with Ty/T, value in Cu-Zr-Ti ternary
system rather than ATy. Nevertheless, the reduced glass transition temperature Ty/T, is not
such reliable to relate with GFA in the PdsoNisg-xFexP2o (X = 0 to 20) alloy systems [70], on
the other hand, the supercooled liquid region AT is more reliable and useful criterion for the

alloys fabrication in this alloy system.

Later, a new criterion with a purpose to infer the relative GFA among all BMGs was
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proposed by Lu and Liu [71, 72], which can be expressed as follows:

y=—>=. (2-1)

As illustrated in Figure 2.8 [71], to obtain an amorphous alloy with a better GFA, there
are two main purposes must be considered. One is the stabilization of liquid phase, and the
other is resistance of crystallization. While the amorphous alloy has a lower T, it represents
that melting liquid phase can be maintained at low temperatures under a cooling step. When
an amorphous alloy shows a lower T, the metastable glass phase of the alloy is more stable
at low temperatures. Consequently, these two cases indicate that liquid phase is stability. On
the contrary, a higher T, of an amorphous alloy will lead a phenomenon that the glassy phase
must crystallize at quite high temperature upon heating. Therefore, the three different
characteristic phase transformation temperatures can be combined as the y value. In addition,
the critical cooling rate R (K/s) as well as critical section thickness Z. (mm) can be

connection with the y value, as expressed by the following two equations:

R, =5.1x10"exp(—117.19y), (2-2)

Z, =2.8x10" exp(41.7y). (2-3)

On the basis of these two equations, R and Z; can be roughly estimated when vy is measured

readily from DSC or DTA measurements.

The summary of supercooled liquid region ATy, reduced glass transition temperature T,
15



v value, critical cooling rate R. and critical section thickness Z. obtained by DSC and DTA
for various alloy systems is listed in Table 2.1 [71]. In addition, the y value reveals a stronger

correlation with GFA than T,y and has been widely applied to glass fabrication in the BMG

systems.

Afterward, several parameters or criteria that are developed by different methods have
continuously been proposed to evaluate the GFA for amorphous alloys, such as AT, =
(Tx-To)/(Ti-Tg) [73], & = Try(ATW/Tg) [74], 6 = TW/(Ti-Tg) [75]. Nevertheless, there are still not

any reliable criteria to predict the GFA of metallic glasses in various alloy systems.

As aforementioned, the concept of forming amorphous alloys with better GFA is related
to liquid phase stabilization (AT,/T)) and crystallization resistance (Tx/T)). The impression of
lower liquidus temperature T, to stabilize the liquid phase is similar to y value. Therefore,
higher GFA will be obtained with the lower T, in the alloy systems, thus, GFA is proportional
to 1/T,. In addition, since the larger ATy exhibits more stability of the amorphous alloys and
better GFA, GFA should be proportional to (Tx-Tg). The relation between liquid phase
stabilization and GFA is summarized as (Tx-Tg)/T:. On the other hand, a higher crystallization
resistance could be obtained with a higher crystallization temperature. With a normalization
in order to result in a dimensionless parameter by T,, GFA is proportion to the T,/T, value.
According to these ideas, Du et al. [76] defined a new criterion which can be expressed as

below:

Yo = X Sy x__-xX 9 (2_4)
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This ym value could be calculated easily according to the data on T4, Tx and T, measured
by DSC and DTA and will be a simple and user-friendly indicator for GFA of BMGs. Similar
to the y value, the relationship between the yn, value and critical cooling rate R; (K/s) of

amorphous alloys can be formulated as follows:

logR, =14.99-19.441y . (2-5)

Since all related terms are reasonably and carefully considered for the liquid phase
stability and crystallization resistance during glass formation processing, this yn, parameter
appears to reveal the best correlation with the GFA for BMGs among all parameters which
have been reported before. It is believed that the statistical correction factor (R?) can show
effectiveness and consistency of various GFA parameters. Therefore, the higher R? value
means the more reliable correlation between the proposed parameter and GFA. Based on the
corresponding experimental data, the yn, parameter exhibits the highest R? value among
different GFA parameters. Thus, the yy, parameter is seen to be the most reliable GFA

parameter.

2.3.2 Empirical rules for the formation of amorphous alloys

Since the rapidly solidified amorphous phase is essential to suppress the nucleation and
growth reaction of crystalline phase, the critical cooling rate (R;) plays an important role in
fabricating amorphous alloys. In other words, in the supercooled liquid region between the
melting temperature (Tn) and the glass transition temperature (Tg), the higher the cooling rate,
the lower the tendency to crystallize. Obviously, the critical cooling rate relates with the

width of the supercooled liquid region, and it is also to correlate with the alloy compositions.
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For an example of a binary system, most compositions of the amorphous alloys lie near the
deep eutectic points. It is easy to understand by comparing the freezing of the two
compositions, one is the composition away from the eutectic point and the other is near the
eutectic point, as shown in Figure 2.9 [77]. The composition 1 which is located away from
the eutectic point would cool through the liquidus line at a relative high temperature, thus the
melt has to be cooled over a very large temperature range between the melting temperature
and the glass transition temperature, which is possible to form and grow the crystalline
phases. On the other hand, the temperature interval between the melting temperature and the
glass transition temperature of the composition 2 which is near the eutectic point is relative
small since the melt was cooled from the liquidus line at a relative low temperature, so that
the thermal energy available for crystal growth is smaller and the tendency to suppress the
nucleation and growth reaction of crystalline phase is larger than the other composition. Since
the discovery of amorphous alloys, intense efforts have been made to understand the
mechanism of amorphization for the prediction of alloy composition with better GFA and the
correct designed alloy composition system would lead to metallic glasses with a cooling rate

as low as 1-100 K/s.

In the past decade, the Inoue’s group had developed a series of amorphous alloy systems
with high GFA, and therefore they summarized and proposed three simple empirical rules
for the alloy composition design to fabricate BMGs [1, 63]. The three rules are presented as

follow:

1) Multi-component system consisting of more than three main elements

If the alloy system with more than three main elements mixed together, the difference of
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atomic size will cause the retardation of moving atoms when quenching the melt into a solid
state and the atoms cannot rearrange easily in the solidified process. Consequently, there
exhibit a short-range order arrangement. The short-range order arrangement leads to denser
the random packing so that the GFA of amorphous alloys will be improved with increasing

the categories of the alloy main elements in such a multi-component system.

2 Above 12% difference in atomic size ratios among the main constituent elements

According to the Hume-Rothery criterion [77], the condition to form a solid solution is
that the difference of atomic size must less than about 12% between the solute and solvent. In
such a condition of the atomic size difference is larger than 12%, the moving atoms will be
retarded. Therefore, the viscosity of the melt increases so that the atoms cannot rearrange

easily during the solidified process, as shown in Figure 2.10 [1].

3) Negative heats of mixing among the main elements

According to the theory of thermodynamic, the heat of mixing is regarded as the atomic
bending ability between two atoms in an alloy system. The larger the negative heat is, the
weaker the bonding ability of the same atoms will be, but stronger the bonding ability for
distinct atoms will be. Therefore, the distinct atoms tend to attract together and arrange in a
random way when the liquid alloy is solidified with a large negative heat of mixing. Hence,
when the alloy main elements have the larger negative heat of mixing, the amorphous alloys

are easy to form.

When an alloy system satisfied with above three empirical rules, it will have a high
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solid/liquid interfacial energy which is favorable for the suppression of nucleation and growth
of a crystalline phase, as illustrated in Figure 2.11 [1]. Therefore, it will have a higher dense
degree of randomly packed atomic configurations in a supercooled liquid, and thus, it is
difficult for the atoms in this liquid to rearrangement. It will lead the atomic diffusivity to
decrease and the viscosity in a liquid to increase. Moreover, there always exhibits a high
glass transition temperature Ty and very deep eutectic point with low liquidus temperatures T,
leading to a high T,y in such multicomponent alloys which satisfied with three empirical rules
[1]. Due to these reasons, these empirical rules are certainly useful for selecting
multicomponent alloy system to form BMGs. However, the development of new alloy
systems for fabricating BMGs is still a very time-consuming process. In a multicomponent
alloy system, hundreds of alloy compositions have been prepared and identified for glass
formation, which is required to experimentally map out the GFA of every single composition
in a given alloy system, in order to identify promising glass forming compositions. Thus,
finding a more precise and specific criterion for the easy glass forming composition would be

very useful and beneficial.

In order to form metallic glasses with a good GFA more easily, many other empirical
criteria were reported. In the early work, Egami et al. [78] suggest that there is a correlation
between the atomic volume mismatch of the constituent atoms and the minimum
concentration of a solute in a number of binary amorphous. Based on this research, Senkov et
al. [78] pointed out three main ideas: (1) the solvent element is selected with atomic radius of
0.15 nm or larger, (2) two or more solute elements are selected with atomic radii that
correspond to the ratio of the radii of solvent and solute atom smaller than 0.88 or larger than
1.15, (3) the concentrations of the selected elements for an amorphous alloy are chosen in

such a way that a concave upward atomic size distribution plot is produced.
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Besides, Egami [78] proposed that there is a close relationship between atomic size and
its concentration in certain metallic glasses. Fang et al. [79] also have suggested that an
empirical criterion between bonding parametric functions which consists of atomic size
parameters (8) and electronegativity difference (AX) to the relationship and the width of
supercooled liquid region of Mg-based bulk metallic glasses, as summarized in Figure 2.12.
Shek et al. [80] have proposed that the composition of amorphous alloys and their crystalline
counterparts should possess a constant value of e/a (the average valence electron number per
atom number in a unit volume). In addition, Chen et al. [81] have suggested atomic size and
e/a ratio as two criteria to find the best composition for BMG formation. Over and above, the
electronegativity has also been used to explain the GFA of the Al- and Mg-based alloys,

showing a nearly linear relationship with GFA.

Moreover, the composition of amorphous alloy appears to be an important factor for the
GFA of BMG. Xi et al. [82] proposed a series of novel MgesCusRE; BMGs (RE = rare
earth elements, such as Gd, Nd, Sm, Dy) with different critical diameters and near eutectic
compositions. In their result, the GFA of the Mg-Cu-RE alloy systems strongly depends on
the electronegativity and atomic size of the RE elements. Besides, some studies have reported
that minor alloying addition has shown dramatic effects on the glass formation and thermal
stability of many BMGs [83, 84]. As proposed by Lu and Liu [84], adding a small amount of
alloying additions (usually, less than 2 at%) into the existing BMGs leads a improvement of
GFA. As indicated by the experimental evidence, alloy additions of small atoms with atomic
radius smaller than 0.12 nm (such as B and Si) or large atoms with atomic radius larger than
0.16 nm (such as Y and Gd) are most effective in enhancing GFA of amorphous alloys.

Further improvement of GFA has been reported in the Mg-Cu-Y alloy systems, when Cu is
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partially substituted with other alloy elements, such as Ag, Pd, or Zn, the GFA is improved.
For example, MgesCuisAg10Y 10 [85], MgesCuisAgsPdsY 10 [86, 87], MgesCu20ZnsY 1o [88] and
Mgs4CuzsAg7 Y11 [89] alloys all exhibit a high GFA and enabling the fabrication of BMGs in
rods with diameters of 6, 7, 6 and 16 mm by a conventional Cu mold injection casting
method, respectively. In the Mg-Cu-Ag-Gd alloy system, the Mgs4Cuzs5AgssGd1; BMG [89]
can also succeeded in the fabrication in a rod with a diameter of 25 mm. On the other hand,
the Ma-based metallic glasses also shows remarkable effectiveness on the improvement of
thermal stability and GFA with alloying additions of small atoms replacing Cu by B [90, 91].
The largest BMG billet so far is the Zr-based one measuring about 85 mm. In short summary,
great efforts were made in the improvement of GFA by the addition of alloy elements on

BMGs.

As aforementioned, the forming ability of BMGs becomes more matured under the great
efforts of global researchers, and we can generalize a conclusion for the criteria of BMG
formation. Generally speaking, it is easily to form BMG with a good GFA when the alloys
satisfied with the following empirical rules: (1) the multicomponent alloy systems consist of
more than three elements, (2) there is a significant difference, > 12%, in the atomic size ratios
of the major constituent elements, (3) negative heats of mixing occur among the major

elements, and finally (4) alloy compositions need to be close to the deep eutectic point.

2.4 Characterization of amorphous alloys

Since amorphous alloys have the disordered structure, they have unique physical and
chemical properties which are different from the traditional crystalline alloys. The
fundamental properties and the application fields of bulk amorphous and nanocrystalline
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alloys are summarized in Table 1.1 [1]. In addition, the various properties of amorphous alloy

are described below.

2.4.1 Mechanical properties

Since the absence of long-range-order structure, metallic glasses exhibit the randomly
atomic arrangement configuration and dense packing structure, only limited atomic
displacements to resist deformation when an external stress is applied. As a result of the
absence of dislocation and work hardening mechanisms in crystalline alloys, the metallic
glasses exhibit some particular properties, such as the following: [1, 6, 7] : (1) high fracture
strength (of) and higher hardness compared with the corresponding crystalline alloys, (2) low
Young’s modulus (E) but much higher elastic deformation limitation of about 2% which
exceeds the 0.2% yield limit of corresponding crystalline alloys, (3) high elastic energy up to
the yield point compared with the corresponding crystalline alloys, and (4) absence of distinct
plastic elongation due to the inhomogeneous deformation mode at room temperature, (5)
good shaping and forming in the viscous state, (6) good fatigue properties. The fundamental
characteristics and application fields of amorphous alloys are listed in Table 1.1 [1]. In
addition, the relationship between tensile fracture strength, Vickers hardness and Young’s
modulus for various BMGs and conventional crystalline alloys is shown in Figure 2.13 [1].
There is a distinct difference in these fundamental mechanical properties between bulk

amorphous alloys and conventional crystalline alloys.

Generally, BMGs have hightensile or compressive of of 840-2100 MPa combined with
E of 47-102 GPa, depending on alloy compositions [1]. Eckert et al. [31, 38, 39] successfully

prepared Cu-based ductile BMGs and they show high strength (2265 MPa) and high ductility
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(18%), as shown in Figure 2.14 [31, 38, 39]. Besides, this Cus7s5Zrs75Als metallic glass
exhibits a ‘work-hardening’-like behavior during the compression tests, as shown in Figure
2.15 [31, 32, 38, 39]. By adding of 5 at% Al to the CusoZrso glass increases the glassforming
ability, and the thermal stability of the supercooled liquid. They also exhibit yield strength
(1547 MPa) and good room temperature deformability. The intrinsic ductility is attributed to
a heterogeneous amorphous structure, which enables easy and homogeneous nucleation of
shear bands and their continuous multiplication during deformation. The interaction and
intersection of the shear bands triggers their multiplication and increases the flowability of

the BMG.

Under compression tests, sample geometry plays an important role in the formation of
shear bands and the capability of plastic deformation [92-96]. If the aspect ratio (height to
diameter) of cylindrical test sample is less than 1, shear band propagation is constrained and
multiplication of shear bands is prone to form, so that the geometric effects would impose the
improvement in the mechanical performance of BMGs and, thus, BMGs perform an apparent
plastic strain more than 10%. This issue is not only existed in the ductile Zr-based BMGs
with a higher Poisson ratio (0.35-0.4) [92-94, 96], but also in the brittle Mg-based BMGs

with a lower Poisson ratio (0.3-0.35) [95].

As a result of inhomogeneous deformation, BMG samples always deform by highly
shear localization and shear off at ~45° with respect to the loading axis along a major shear
plane with plastic strains < 2% in compression and essentially zero ductility in tension [11,
97]. Even in ductile Pd- or Zr-based systems, these BMGs still lack sufficient plasticity.
However, global researchers made many efforts in the ductility of BMG. The results show

that BMGs have potential to exhibit remarkable plasticity for applications in many fields if
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some unique structures are inhered in.

2.4.2 Magnetic properties

The two fundamental magnetic properties of materials are permeability and coercive
force. In terms of permeability, magnetic materials can be classified as either soft or hard
magnetic properties. For hard magnetic materials, they have the high remanence, coercivity
and saturation flux density, as well as low initial permeability and high hysteresis energy
losses. The muticomponent Gd-(Fe,Co), Th-(Fe,Co), Nd-Fe(-Al) and Pr-Fe(-Al) [98-101]
amorphous systems have been reported as hard magnetic materials that used for
magneto-optical recording materials. On the other hand, soft magnetic materials are used in
devices subjected to alternating magnetic fields and in which energy losses must be low such
as the transformer cores. Based on the superior soft magnetic properties, magnetic glasses are
usually applied as sensors for electronic article inspection. In addition, the sheets of glassy
nanocomposites contain the nanocrystals in a glassy matrix, which are first produced by melt
spinning and subsequently annealed. They still sustain their soft magnetic properties and
higher saturation magnetization as well as a lower magnetostriction than the purely glassy
materials. These magnetic glassy nanocomposites are currently used in transformer cores,
magnetic sensors, and magnetic shielding [1, 63]. Soft magnetic amorphous alloys have also
been prepared in muticomponent systems, like Fe-(Al,Ga)-(P,C,B,Si), Co-Cr-(Al,Ga)-(P,B,C),

Fe-(Co,Ni)-(Zr,Nb,Ta)-B, and Co-Fe-Nb-B [102-106].

2.4.3 Chemical properties

The issue of corrosion is regarded as the weak point of polycrystalline materials since
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the corrosion always happen at the grain boundary. However, since the amorphous alloys do
not have the defects in polycrystalline materials, such as the grain boundary, dislocation, and
voids, the amorphous alloys are regarded as high corrosion resistance materials. In addition,
the superior corrosion resistance of amorphous alloys could be further improved by adding
alloy elements in an amorphous alloy, and even the stainless steel cannot catch up [107-111].
As proposed by Inoue et al. [1], the corrosion resistance is remarkably improved by the
dissolution of Nb or Ta. In this study, the corrosion resistance of melt-spun amorphous alloys

was examined in Zr-TM-AI-Ni-Cu (TM=Ti, Cr, Nb, Ta) systems in HCI and NaCl solutions.

Due to homogeneous single phase structure which is lack of grain boundaries,
dislocations and other defects in crystals, amorphous alloys have outstanding corrosion
resistance which is superior to the corresponding crystalline alloys. In addition, corrosion
resistance could be improved by adding alloy elements in an amorphous alloy [107-111]. The
corrosion resistance is the best for the Nb-containing alloy since the Nb- and Ta-containing
amorphous alloys was found to exhibit good corrosion resistance in their solutions at room
temperature. Due to the homogeneous microstructure, amorphous alloys with good corrosion

resistance indicate they can be used in the fields of surgical and biomedical uses.

2.4.4 Other properties

Since amorphous alloys have the denser random packing structure than the
corresponding crystalline alloys, amorphous alloys are good anti-radiation materials. Thus,
the material structure does not change when bombarded by neutrons. The amorphous alloys
also have the reasonable superconducting properties based on the electrical resistivity and

critical field measurements, as reported by Li et al. [112, 113]. Moreover, the ability of
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hydrogen storage is also shown in many amorphous alloys, besides, their decomposing

efficiency for hydrogen is up to 100% in Mg-based BMGs [114].

2.5 Mechanical behaviors of amorphous alloys

2.5.1 Stress-strain curves and fracture morphologies

The typical compressive and tensile stress—strain curves of ZrsgCuzpAligNigTi; BMGs at
different applied strain rates ranging from 4.5 x 10°to 3 x 107 s at room temperature is
shown in Figure 2.16 [97]. Under compressive test, BMGs show an initial elastic deformation
behavior with an elastic strain of about 2% and then begin to yield, followed by some plastic
deformation until fracture. However, in the tension test, BMGs show only an initial elastic
deformation behavior and catastrophic fracture without yielding. In addition, the average
tensile fracture stress of BMGs is slightly lower than the average compressive fracture stress.
Moreover, the fracture stress of BMGs under tensile and compressive loading is insensitive to
the applied stain rate of testing machine. In Figure 2.17 [115], shows the typical tensile and
compressive fracture angle of BMGs. Generally speaking, the tensile and compressive
fracture angles of most BMGs deviate from 45°, and the fracture angle of BMG under tensile
test is always smaller than 45°. On the contrary, the compressive fracture angle is always

larger than 45° [11, 97, 116].

Even though tensile and compressive samples similarly fractured in a shear mode, the
fracture morphology is distinctly different between compression and tension test. Figure 2.18
[97] shows the typical tensile and compressive fracture morphologies of the BMG fracture

surfaces [11, 97, 116]. In Figure 2.18(a) [97], the tensile fracture surface reveals not only the
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so-called vein-like structures, but also the circular core structures. It is well known that,
uniaxial tensile stress can be decomposed into the resolved shear stress along the failure plane
and the resolved normal stress perpendicular to the failure plane. The resolved normal stress
is outward the fracture plane, leading to the formation of circular cores, as indicate by the
arrows in Figure 2.18(a) [97]. Subsequently, the resolved shear stress along the failure plane

causes the veins propagation far away from the circular cores.

On the contrary, the flat fracture surface and vein-like structure are observed in the
compressive fracture surface, as shown in Figure 2.18(b) [97]. The vein-like structure which
spread over the whole fracture surface is the typical feature of fracture surface under
compressive loading. Similarly, uniaxial compressive stress can also be decomposed into the
resolved shear stress along the failure plane and normal stress perpendicular to the failure
plane. The resolved normal stress is inward the fracture plane so that it is unable to produce a
circular core in fracture plane, whereas the shear stress still yields the formation and
propagation of veins. In addition, the vein-like structure always extends along the shear

direction that parallel to fracture plane, as indicated by the arrow in Figure 2.18(b) [97].

2.5.2 Temperature effect

The mechanical behaviors of BMGs can be classified into two typical types, which are
inhomogeneous deformation at room temperature and homogeneous deformation at a high
temperature within the supercooled liquid region [117, 118]. The steady-state strain rate as a
function of stress and temperature, of a metallic glass is illustrated in the schematic
deformation mechanism map of Figure 2.19 [118]. The mechanical behaviors of BMGs at

room-temperature uniaxial mechanical tests during inhomogeneous deformation have been
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described above. On the contrary, the mechanical behaviors of BMGs at high temperatures
and low stresses usually perform a homogeneous deformation and an apparent plasticity

phenomenon.

The homogeneous deformation can be divided into three parts based on the viscosity of
the material [118]. Firstly, for T > T, the material has a viscosity of ~10° Pa-s and can be
characterized as “fluid” or “liquid” matter. In this region, the viscosity changes slowly with
temperature and the strain rate contours are almost horizontal. Secondly, for T = Tg, the
material has a viscosity between 10" and 10™° Pa-s and can be called as “viscous” matter. In
this region, the viscosity drops very fast with increasing temperature, and the strain rate
contours are almost vertical around Tg. Finally, for T < Ty, the material has a viscosity above
10" Pa-s and can be called as “solid” matter. In this region, viscosity does not change very

fast with increasing temperature and the strain rate contours become more horizontal.

In compare with the localized shear bands dominated inhomogeneous deformation of
BMG at room temperature, the deformation of BMG at high temperatures usually performs a
homogeneous deformation. Above a critical temperature of Ty, the homogeneous deformation
of BMG will start as an ideal Newtonian viscous flow and the strain rate sensitivity m value

will be equal to 1 in the following constitutive equation:

o = k&m, (2-6)

where o is the yield stress, k is a constant, and ¢ is the strain rate. In this supercooled liquid
region, BMG will exhibit the superplastic-like behavior. Due to the the superplastic-like
behavior, easy formability enables the BMG to be potentially produced for
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micro-electro-mechanical systems (MEMS) in the micrometer and nanometer scale, as shown

in Figure 2.20 [119, 120].

On the contrary, the cryogenic temperatures mechanical behaviors of BMGs have been
recently presented by Li et al. [121, 122] for comparison with those at room temperature.
Compared to room-temperature compression, the uniaxial compression tests of Zr-based
BMGs at the ambient (300 K) and cryogenic (77 K) temperatures were performed and the
resulting strength of Zr-based BMG increases at the cryogenic temperature but is
accompanied by the decrease in plastic strain, as shown in Figure 2.21 [121]. And the
dependence of strength variation as a function of testing temperatures in compression and
microhardness is shown in Figure 2.22 [121]. In the further work, the fracture morphologies
of deformed samples at 300 and 77 K demonstrate a combination of two types of vein
patterns, one is the void-like and the other is river-like, indicating that fracture surface is
independent of the testing temperature, as illustrated in Figure 2.23 [122]. Based on the
results, Li et al. [122] proposed a linear relationship between the normalized strength (c/E)

and normalized temperature (T/Tg), which can be expressed as the following:

S _0.0253-0.0106—, (2-7)
E T

g
where E is elastic modulus, Ty is the glass transition temperature and T is the testing

temperature, as presented in Figure 2.24 [122]. Since the E and T, are constants for most of

amorphous alloys, the strength of BMGs increases with decreasing temperature.
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2.5.3 Strain rate effect

Recently, the issue of the strain rate effects on the deformation behaviors of BMGs was
had been studied and reported [123-126]. The strain rate effects on fracture morphologies of
Zr-based BMGs under tension test was studied by Xiao et al. [125]. The typical vein-like,
circular core and ridge-line structures appear on the fracture surface of the
Zrs5Al0Ni10CuisBero s BMG in tension at low strain rates, as shown in Figure 2.25 [125]. At
low strain rates, the shear bands propagate rapidly once the localized shear bands form, and
the encounter of the neighboring shear bands results in the formation of ridge lines. These
ridge lines of shear bands ultimately turn off and cause the catastrophic failure. On the
contrary, at high strain rates, the fracture morphologies under tensile deformation almost
consisted of microvoid-coalescence dimples caused by a localized melting mechanism during
deformation process, as shown in Figure 2.26 [125]. In the other study, as reported by Mukai
et al. [115], the flow serration of stress-strain curves disappeared when the applied strain rate
is over a critical value. At high strain rates, BMG display weakening and fragility due to the

absence of multiple shear band formation.

As proposed by Jiang et al. [127], the in-situ dynamics shear-banding operation of the
geometrically constrained BMGs (height to diameter ratio = 0.5) at various strain rates was
observed by using an infrared camera. And the dependence of stress as a function of the
Zr-based BMGs for the flow serrations of stress-strain curves at various strain rates is
presented in Figure 2.27 [127]. As compared with these curves, the serrated flow
phenomenon is prone to temporarily decrease with increasing strain rate. As shown in Figure
2.28 [127], the higher strain rate, the fewer shear band and coarser shear band spacing were

observed on the sample appearance. Due to these results, the shear band tends to decrease
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with increasing applied strain rate.

2.5.4 Sample size effect

Based on the literatures [128-137], when the sample size is reduced down to a critical
size, the BMG generally presents the enhanced strength and plasticity, compared with the
larger one, with the same chemical composition under compression test. Zheng et al. [128]
presented that when the conventional compression tests were conducted on the Mgs;CuzsGdiy
BMG with a diameter as large as 4 mm and as small as 1 mm for comparison, the samples
with 1 mm in diameter exhibit a higher strength and plasticity than those with 4 mm in
diameter. As well known, all reported Mg-based BMGs are of the brittle nature, indicating
that their plastic strain before failure is either nonexistent at all or very small under
compression test. As reduced the sample size down, the probability of finding defect is very
low, such as pores, un-melted particles, oxides and inclusions, so that it is beneficial to
measure the intrinsic strength and plasticity for the sample with a smaller critical size. Table
2.2 [128] summarizes the previously reported mechanical properties of Mg-based BMGs
under compression tests. In addition, Huang et al. [137] also reported that the plasticity of
Ti-based BMG tends to increase with decreasing sample size from 6 mm to 1 mm in diameter.
With a smaller sample size, there is concerned with a higher amount of free volume formed
by a relatively faster quenching during solidification, so that results the better outstanding
mechanical performance of BMG. The same dramatic effect have also been seen in the
Zr-based BMGs [129, 131], it can generally give a conclusion that the smaller one is more

ductile.

Recently, the sample size was reduced to micrometer scale as the BMG micropillars
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[132-136]. As proposed by Huang’s group [135, 136], the smaller size-scaled BMG
micropillars was tested by microcompression to explore sample size effect on mechanical
properties. The sample size effect on the yield strength of the ductile Zr-based BMG
micropillars with diameters of 1 and 3.8 um was found to be highly sensitive to sample size
[136]. The similar effect was also observed from the brittle Mg-based BMG micropillars
[135]. In addition, the yield strength of the BMG micropillars was found to exhibit a
30-100% increment over that of the bulk samples. As discussed first by Schuster et al. [134]
and later by Lee et al. [135] and Lai et al. [136], the increase in strength with decreasing
sample size can be rationalized by the Weibull statistics which is able to determine the

intrinsic strength and plasticity of BMG at the situation of small sample sizes.

2.5.5 Geometric constraint effect

Under room-temperature compression test, the sample geometry significantly plays an
important role in mechanical behaviors of BMG [92-96, 138-142]. The strength maintains
almost invariable due to geometric constraint effect. Since the compressive plastic strain of
cylindrical ductile Zr-based BMG sample commonly increases with decreasing aspect ratio
[92-96]. For unconstrained samples with a higher aspect ratio which is larger than 1, shear
bands can operate freely throughout the whole diameter of sample, resulting in the smaller
plastic strain before failure. On the contrary, shear bands is not able to operate freely
throughout the whole diameter of the constrained sample as the aspect ratio is lowered down
to less than 1, so that these samples are characterized by larger plastic strain. In other words,
when the shear band propagation is constrained by the upper and bottom platens during the
early stage of compression, the multiplication of shear bands will tend to form, resulting in

the apparent ductility. Moreover, the dependence of yield strength and plastic strain is a
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function of aspect ratio of the BMGs, as shown in Figure 2.29 [92].

In addition, the geometric effect could also be observed in the brittle Mg-based BMGs.
As proposed by Chen et al. [95], the room-temperature compression tests were conducted on
the Mg-based samples with various h/d ratios from 2, 1, 0.5 to 0.25. When the h/d ratio is 2,
the fracture surface shows cleavage features, as the typical characteristic nature of the brittle
Mg-based BMGs. However, when the aspect ratio is reduced to 0.25, the plastic strain is
significantly enlarged up to 20% and the highly dense vein-like structures spreading over the
whole fracture surface is observed, as shown in Figure 2.30 [95]. Hence, as decreasing the

aspect ratio, the plastic strain is increases in most BMGs.

In addition, the aspect ratio of sample would influence the shear band propagation and
the mechanical responses of BMGs, the sample alignment and geometric shape, leading to
lateral motion resistance and longitudinal constraint, influence the mechanical behaviors of
BMG as well [138-141]. To research the geometric effect, Wu et al. [139] proposed the
concept of “‘stress gradient enhanced plasticity’” for the moderation of catastrophic failure in
a large stress gradient exists of various geometries BMG samples, such as orthogonal,
monoclinic and transitional. Their results are shown in Figure 2.31 [139]. For the ideal
orthogonal sample, the constant stress gradient indicates there appears high stress
concentration throughout the whole sample during deformation. On the contrary, for the
monoclinic and transitional samples, the stress concentration is localized in two opposite
corners of sample. Hence, the lateral motion resistance and longitudinal constraint may
restrict sample further sliding along the shear plane, resulting in the enhanced plastic strain.
In the other words, the plastic strain enhancement is an artifact. The results suggest that the

sample preparation and alignment during machine testing should be taken special care in
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order to avoid any artifact plasticity of BMGs.

2.5.6 Deformation mechanisms of metallic glasses

As well known, during deformation process, crystalline alloys would perform elastic
deformation, followed by yielding, and then start plastic deformation when the resolved shear
stress is over the critical resolved shear stress (CRSS) along a specific slip plane, finally, the
alloys would fracture. During the plastic deformation, the dislocation is formed and starts to
move along the slip direction of a slip plane in the crystalline alloys. In compared with the
crystalline alloys, there is no slip system for plastic deformation in the metallic glasses due to

the absence of long-range order periodically.

As shown in Figure 2.32 [10], in the two-dimensional schematic diagram of atomic
deformation mechanisms for metallic glasses, there are numerous small spaces between
atoms which are called free volumes. Unlike crystalline alloys, metallic glasses only allow
small displacement change in atomic neighborhood under applied loading, and the local
rearrangement of atoms is a relatively high energy and high stress process. Hence, the feature
of metallic glasses presented the absence of sufficient plastic deformation in their stress-strain
curves. To make a metallic glass to further deform, a larger applied stress would often be
required so that the clusters of atoms tend to move together by a dominant shearing like a

band, and it is called shear band.

In terms of the plastic deformation of metallic glasses, it could be classified into two
types: one is slight plastic deformation with the nominal work softening, and the other is

distinct plastic deformation accompanied with flow serrations observed in the strain-stress
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curves. The flow serration phenomenon indicates the operation of localized shear band
deformation. Under the uniaxial compressive or tensile tests, once shear localization has
begun, there would be a highly localized shearing in a narrow band, and the trend for
shear-softening would urge deformation in order to accommodate some shear strains and
finally the sample would fail along one major and dominant shear plane [10]. Hence, the
plastic deformation of metallic glasses is inhomogeneous at room temperature due to the

highly localized shearing [2, 9].

In 1977, Spaepen [118] applied the free volume model, which proposed by Turnbull and
his coworkers [143, 144], to the case of glassy and interpreted the local rearrangement of
atoms in metallic glasses during deformation. Subsequently, Argon [145] further proposed a
concept in 1979 to demonstrate that the deformation mechanism for metallic glasses is
atomic-scaled shear distortion from the viewpoint of free volume model. This theory is based
on the “shear transition zone” (STZ), which is defined as a thermally activated shear band
initiated around free volume regions under an applied shear stress. The STZ is a local cluster
of atoms that undergoes an inelastic shear distortion from one relatively low energy
configuration to a second configuration, passing an activated configuration of higher energy
and volume [10]. Moreover, the free volume site and its adjacent atoms are considered as a
basic shear unit for metallic glasses under an applied shear stress to produce shear
deformation, as illustrated in Figure 2.33 [146]. STZs which approximately consist of a few
hundreds of atoms in volume are usually observed in simulation works, which stretch over
the variety of simulated compositions and empirical inter-atomic potentials [147-150]. Unlike
the dislocation in crystalline alloys, which is a defect of atomic arrangement, the STZ is a
usual event for the deformation of metallic glasses and not a structural defect in metallic

glasses. Otherwise, STZ is called as flow defect.
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The STZ is not a feature of glass structure and STZ is an event defined as an event in
local volume by its transience. From the viewpoint of the activation of kinetic energy, when a
metallic glass is subjected to an applied shear stress which is over a critical value, a single
STZ first nucleates in the vicinity of a free volume site without significant atomic
rearrangements in its surrounding glassy matrix. Subsequently, secondary STZs may occur in
the vicinity of the first STZ by the assistance of a local strain field and free volume formed by
the first STZ, and the later formation of STZ will follow a similar manner. Once the critical
number of STZs reaches a maximum in the initial zone, the shear band that consists of these
local STZs starts to propagate, resulting in the macroscopic yielding of metallic glass [151]. It
suggests that the amount and distribution of free volume may dominate the plastic
deformation of metallic glasses since the higher free volume sites would more readily to

accommodate shear band.

Moreover, the moving of STZ is always accompanied by the releasing of adiabatic heat
near the STZ [152-157]. The temperature around the shear plane will be risen if more and
more STZs start moving along a shear plane. The temperature may reach the glass transition
temperature and the fluid region or re-solidified-like droplets will be formed on the shear

plane.

2.6 Strategies to improve mechanical properties of metallic glasses

The strategies for improving the mechanical properties have been developed and could
be divided into two ways: one is intrinsic toughening by increasing the Poisson’s ratio [15,
16], and the other is extrinsic toughening by developing a composite microstructure within
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the glassy matrix [14, 18-22].

To improve the plasticity of BMG, BMG composites (BMGCs) have been developed by
the extrinsic toughening method developing a composite microstructure within the glassy
matrix [11, 14, 32, 64, 65, 158-162]. In the extrinsic toughening method, the second phase
can be the precipitated crystalline phases [64, 65, 158-160], in-situ precipitation of dendrite
phase [14], metal fibers [11], glassy state alloys [22-25, 163, 164], or finely dispersed
porosities [161]. The second phase can act as a block to prevent shear bands from free
propagation. Hence, the catastrophic failure can be retarded through the interaction between

reinforcements and initially formed shear bands.

A precipitated crystalline phases Zr-Cu-Pd-Al BMGC was proposed by Fan and Inoue
[65]. With various volume fraction of precipitated crystalline phases, Zry(Cu,Pd), via
annealing under compression test, they found that the plastic strain of the ZrgoCuoPdipAl1g
BMGC can be improved in comparison with that of the as-cast ZrgCuoPd;0Al1g BMG while
no distinct plastic strain is recognized in the ZrssNisCuzpAlig BMG, as shown in Figure 2.34
[65]. As shown in Figure 2.35 [65], the summarized mechanical properties of the
ZrgoCuPdipAlig BMGCs shows an increase in the compressive yield strength, maximum
fracture strength, Young’s modulus and plastic strain with increasing volume fraction of
crystals. The plastic strain of the ZrgCuzPdi0Al10 BMGCs significantly deteriorates down to
0% when volume fraction of crystals exceeds a critical value (27%), it indicates that the
appropriate volume fraction of reinforcement is a key point for the ductility improvement of

BMGCs.

In the representative brittle Mg-based BMG, the mechanical properties were improved
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by the reinforcement of ductile Nb particles with 20-50 um in size. The result shows a high
strength of 900 MPa and large plasticity of 12%, as shown in Figure 2.36 [165]. Pan et al.
[165] proposed that the ductile Nb particles can effectively retard the shear band propagation
to prevent from catastrophic fracture. In Figure 2.37 [165], the deformed Nb particles
uniformly distribute loading and surrounding BMG matrix to promote the initiation and

branch of numerous secondary shear bands.

Kim et al. [23] proposed that the phase separation into Y-rich and Zr-rich amorphous
phases occurs during cooling when the Y content is above 15 at.% in CussZrizxYxAl7 alloys.
As shown in Figure 2.38 [23], the two-phase amorphous alloys exhibit extreme brittleness,
while the single-phase amorphous alloys (x = 2, 5) exhibit enhanced plasticity from the
introduction of local chemical inhomogeneity, although the microstructure consisted of an
amorphous structure without any structural ordering within the resolution of high-resolution
transmission electron microscopy (HRTEM) (Figure 2.39(a) [23]). However, the local
compositional fluctuation in the BMG with x = 5 can be evidenced from the occurrence of
phase separation during solidification with further increasing Y content. As shown in Figure
2.40 [23], A local increase of viscosity and exothermic reaction in the supercooled liquid
region support the conclusion that chemical inhomogeneity in the BMG sample with x = 5
leads to the formation of nanocrystals (Figure 2.39(b) [23]) in the supercooled liquid region.
The results suggest one effective way of improving the plasticity of BMGs. That is to add an
element (elements) having a positive enthalpy of mixing with the constitutive elements;
however, this is only effective within a limited composition range, as reported by Du et al.

[13, 24, 25] and Wang et al. [16].

In the above-mentioned studies, excellent mechanical performances, such as remarkable
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strength and macroscopic plasticity, could be improved in these BMGCs. Hence, BMGCs

have great potential in serving as engineering materials.

2.7 The development of Cu-based metallic glasses

Due to Inoue’s great efforts [1, 43, 63], more and more global researchers paid
attentions on the metallic glasses. After that, Cu-based BMGs are studied by world wide
researchers due to the low cost and plastic natural of Cu. Many alloy systems of Cu-based
metallic glasses such as Cu-Zr-Al [166, 167], Cu-Zr-Al-Ag [166, 167], Cu-Zr-Al-Gd [164],
Cu-Zr-Al-Be [167], Cu-Zr-Ti [35, 36], Cu-Zr-Ti-Ag [168], Cu-Zr-Ti-B [169], Cu-Zr-Ti-B-Si
[169], Cu-Zr-Ti-Sn [170], Cu-Ti-Zr-Ni [37], Cu-Ti-Zr-Ni-Si [171], Cu-Ti-Zr-Ni-Sn [172],
Cu-Hf-Al [173], Cu-Hf-Al-Ag [173], and Cu-Hf-Ti [36], have been developed by the global

researchers’ great efforts.

Developments of Cu-based metallic glasses such as Cu-Zr-Ti [35, 36], Cu-Hf-Ti [36],
Cu-Ti-Zr-Ni [37] with high room temperature fracture stress (~2 GPa) and elastic strain (~2%)
have increased expectations for the application of BMGs, considering their low cost.
However, like other metallic glasses, they show poor ductility at room temperature. To
extend the applied engineering fields, it is necessary to improve the mechanical properties of
monolithic BMGs. Subsequently, by adding of 5 at% Al to the CusoZrso glass, Eckert et al.
[31, 38, 39] successfully prepared Cu-based ductile BMGs and they show high strength (2265
MPa) and high ductility (18%). After that, Cu-Zr-Al alloy system has been paid attention due
to the high fracture strength and high ductility. Global researchers made great efforts on the
mechanical properties of the Cu-Zr-Al alloy system with an addition of other elements, as

shown in Table 2.3 [23, 31, 38, 39, 164, 166].
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The Cu-V-Zr-Al and Cu-Co-Zr-Al alloy systems have not been widely studied until now.
In these two alloy systems, the heat of mixing is positive between Cu-Co and Cu-V but
negative between other two elements. The positive heat of mixing promises a potential to cast
a phase-separated BMGs in these two alloy systems. It is worth to study the shear band
deformation mechanism and serration phenomenon of phase-separated BMGs during plastic

deformation.

2.8 Deformation induced martensitic transformation of CuZr B2 phase

Cu-Zr-Al system was found to be a good candidate with high strength and high glass
forming ability (GFA), and reasonable ductility [29-34, 38-40]. In order to improve the
plasticity of BMGs, micro- or nano-scaled particles were introduced into the amorphous
matrix [22-25, 27-34, 38-42]. In the research of Wu et al. [33, 34], tensile ductility was
demonstrated in the Cus75Zr43Al14Coo 5 alloy due to the large 100 um spherical region full of
small 80 nm B2 particles, as shown in Figure 2.40(d). In the study of Wu et al. [33], the XRD
trace of the as-cast specimens is typical for a BMG composite; crystalline phase peaks
identified as the B2 phase are superimposed on the amorphous hump, however, the XRD
pattern of the fractured samples exhibits different sharp peaks which can be identified as the
martensite CuZr phase (i.e., the B19’ phase), suggesting that the martensitic transformation
from B2 to B19’ has occurred during the tensile deformation, as shown in Figure 2.40(a).
Also, the comparison of the cross-sectional features of the crystalline phases between the
as-cast (Figure 2.40(b)) and fractured specimens (Figure 2.40(c)) provides further evidence
for the occurrence of the stress-induced martensitic transformation. The TEM results also

demonstrate that martensitic transformation had happened so that, after the tensile tests, the
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nanometer-sized crystalline monoclinic martensitic phases is shown in the fractured samples,
as presented in Figures 2.40(d) and (e). The similar result is also shown in related studies.

[29-34, 174]

The minor addition of Co by only 0.5 at% appeared to impose a great effect on
precipitated particles due to the positive mixing enthalpy of binary Cu-Co while the mixing
enthalpy of other binary constituents are all negative in the Cu-Zr-Al-Co system. Such
micro-scaled regions full of B2 particles were shown to play an important role in enhancing
the strain hardening rate and in suppressing plastic instability, as a result of the B2-CuZr (of
the ordered body-centered cubic, BCC, structure, with a lattice constant a = 0.3262 nm) to
B19’-ZrCu (monoclinic, a = 0.3278 nm, b = 0.4161 nm, ¢ = 0.5245 nm, and B = 103.88°)
martensitic transformation, as shown in Figures 2.41 and 2.42 [175, 176], similar to TRIP
(transformation-induced plasticity) steels. Meanwhile, the ~25 nm B2-CuZr nanoparticles in
a Cug7s5Zr475Als alloy (with no Co), reported by Pauly et al. [29], were seen to be able to
undergo twining, phase-transformation and coarsening (to ~50 nm) under deformation. The
twining, phase-transformation and coarsening processes could prevent from plastic instability

and improve tensile ductility.
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Chapter 3 Experimental procedures

In this study, raw materials were melted together and then suction cast into the bulk
monolithic BMG and BMGC samples. Mechanical behaviors were studied and discussed
among these specimens. The mechanical properties of the Cu-based BMGs compressed at
room temperature and a low strain rate were investigated. To shed light on the shear-band
dynamics, the flow serration and shear band propagation during inhomogeneous deformation
of BMGs was analyzed in an energy release perspective. The flow chart of experimental

procedures is displayed in Figure 3.1.

3.1 Raw materials

In this research, the compositions of CusoZrs3Az, and (CuazsZrs75Al5)100xV/Cox (X = 0,
1, 3, 5 and 10) were selected for preparing the monolithic BMGs and BMGCs. The pure
elements in bulk or piece form were selected to prepare the preliminary metallic glasses
samples. The purities of pure elements copper, zirconium, aluminum, vanadium, and cobalt
are all as pure as 99.99%. Table 3.1 lists the fundamental data related to the component

elements.

3.2 Computational thermodynamic approach

In this study, two elements, V and Co, are introduced into the base CuZrAl bulk metallic
glass. As shown in Table 1.2 [43], the mixing enthalpy of the binary Cu-V or Cu-Co system
is positive and the mixing enthalpies of the other binary systems are all negative.
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To further predict the composition of BMGCs, the computational thermodynamic
approach was introduced to identify the two-liquid miscibility phase equilibrium in the
liquid-temperature region for the Cu-V-Zr-Al and Cu-Co-Zr-Al alloy systems. All of the
approximate liquidus projections and vertical sections of these alloy systems were calculated

by Professor Xing-Jun Liu’s group in Xiamen University.

In order to fabricate bulk metallic glass composites, two alloy systems based on CuZrAl
were chosen, namely, the CuZrAl-V and CuZrAl-Co systems. In considering both effects of
glass forming ability and liquid phase separation, special composition ranges were selected
for this study, as marked by solid frames in Figures 3.2(a) and (b). According to the
simulated vertical sections as shown in Figures 3.2(a) and (b), there could be miscibility gap
in the liquid state, containing two liquid phases L1 and L2. Our original goal was to cast a
BMG with two glass phases. However, the V- or Co-rich liquid phase does not inherit with
high glass forming ability, thus the V- or Co-rich region was found to be crystalline,
imbedding in the CuZrAl-rich amorphous matrix and forming BMGCs. This allows us to
examine and compare the mechanical response of these two BMGCs with different second

phase shapes and morphologies.

For the CuZrAl-V system, we fail to cast amorphous alloys within the two-liquid
miscibility gap region (viscosity is too high with much higher V contents). Therefore the
alloys with V contents from 0 to 10 at% were prepared. For the Co-containing alloys, the cast
alloys are still within the two-liquid miscibility gap region. For the CuZrAl-V and
CuZrAl-Co alloys under current investigation, V- or Co-rich second phases would precipitate

out from the amorphous matrix, forming BMGCs upon solidification.
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3.3 Sample preparations

The cylindrical rods of the Cu-based BMG were fabricated using a conventional copper
mold casting method after homogeneous melting in a purified argon atmosphere with
Ti-gettered purification. This method is generally recognized as one of the most convenient

way to prepare BMGs. The detailed experiments are described below.

3.3.1 Arc melting

Before the next suction casting process, arc melting is first performed to prepare the
preliminary Cu-based ingots under a purified argon atmosphere for the purpose of melting the
component elements uniformly. A schematic diagram for the furnace is illustrated in Figure

3.3.

Before the arc melting process, raw materials were taken appropriate amounts and
placed on a copper mold. To avoid elements with a higher melting point melting
heterogeneously during arc melting, the elements with a lower melting point should be placed
on the bottom of copper mold and the elements with a highest melting point were put on the
top of copper mold, which is close to the neighborhood of negative electrode of tungsten.
This step can prevent the un-melted elements from being covered in the ingot, so as to make

the composition homogeneity of the ingot.

On the other hands, to avoid the ingot oxidizing, the high-purity argon gas needs to be

purged into the arc-melting furnace to flush oxygen away and, then, to turn on the vacuum
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pump to achieve a high vacuum atmosphere environment without impurities inside the
arc-melting furnace. It is necessary to repeat this process at least four times to ensure high
vacuum inside the arc-melting furnace. After these procedures, the inner environment of

arc-melting furnace must be refilled with high purity argon gas of 0.15 bar.

Finally, a high voltage was added between two electrodes, and hence the arc was formed
with extensive heat and bright light. The elements could be mixed together and formed the
preliminary ingots under a Ti-gettered argon atmosphere. To enable the melt to be rapidly
quenched and to increase the heat exchange rate, cold water was required to flow throughout
the bottom of copper mold in the cooling system. Besides, the arc melting process must be

repeated at least three times to confirm the elements were mixed homogeneously in the ingot.

3.3.2 Suction casting

Suction-cast rods measuring 2 mm in diameter, with the compositions
(Cug75Zr475Al5)100xVICOx (X = 0, 1, 3, 5, and 10) (in at%), were fabricated using the
BUHLER Mini Arc Melting System MAM-1, as shown in Figure 3.4. After a short period
homogenization about 2 s by arc melting at about 2500 K, the melt was immediately in-situ
sucked into a water-cooled copper mold with internal cylindrical-shaped cavities to fabricate
the Cu-based alloy rods under a purified argon atmosphere. The various copper molds with
the cylindrical-shaped cavities inside could be replaced to fabricate the cylindrical alloy rods
with various sample sizes in diameter. The illustration of the suction casting process is

illustrated in Figure 3.3.
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3.3.3 Suction casting with different inlet edged molds

In order to clarify the second-phase size effect, resulting from two cast furnaces, on the
mechanical plasticity, two samples of the same composition but with different second-phase
sizes were prepared. Figure 3.5 shows these two suction cast furnaces with different inlet
edges from the tank to the pipe and different area-reduction rates. The ingots were initially
prepared at the tank by arc melting under a purified argon atmosphere. After a short period
homogenization about 2 s by arc melting at about 2500 K, the melt was in-situ sucked into a
cylindrical-shaped cavities Cu mold cooled by water. Figure 3.5(a) presents the furnace with
sharp inlet edged mold (termed as the S mold) with fast area-reduction rate, inducting the
special vena contraction fluid mechanism [177, 178], which is due to the sudden change in
diameter across the inlet, as shown in Fig. 3.5(c). Due to the sharp inlet edge, the fluid
streamlines cannot closely follow the sharp angle in the mold wall and thus the converging
streamlines follow a smooth path leading to the narrowing of the flow. Therefore, flow
separation is occurred and the recirculating separation zones is created at the entrance of the
narrower pipe, called the vena contraction. The vena contraction will lead several effects on
flow instability to minimize the second phase size. In comparison, the vena contraction will
not occur in the furnace equipped with the mold with blunt inlet edge and gradual area
reduction (termed as the B mold) shown in Fig. 3.5(b). The fluid behavior difference is

thought to impose impact on the resulting second-phase size.

Two alloys are adopted in this study, Cus75Zrs75Als and Cus7.5ZrssAl,Coos (at%), in
comparison with the previous reports [29, 30, 32, 41]. To form more B2 phases easily and to
enlarge the size difference, Co needs to be added, namely, applying the Cus7.5Zr4sAl4Cogs [33,

34]. Since there are several 100 um spherical regions with numerous B2 particles in this alloy,
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liquid separation must have happened at high temperatures, the co-containing alloys are more
suitable to examine the influence of fluid behaviors with different inlet edges from the tank to
the pipe and different area-reduction rates during casting on the second phase particle size.

For the mechanical response, both alloys were examined.

3.4 ldentifications of amorphous nature

3.4.1 X-ray diffraction analyses

The amorphous nature of all as-cast cylindrical alloy rods fabricated by the conventional
copper mold casting methods was first examined by X-ray diffraction (XRD) using the
SIEMENS D5000 X-ray Diffractometer with Cu K, radiation (A = 1.5406 ,&) in this study. A
graphite monochrometer with 0.02 mm was used. The operating current and voltage are 30
mA and 40 kV, respectively. The range of diffraction angle (20) is within 20° to 80° at a

scanning rate of 0.1° per four seconds.

To confirm the fully amorphous state of the as-cast rod without the outer oxidative
layers of sample surfaces, the as-cast rod was cut to expose the center cross-sectional surface
and the cross-sectional surface of samples were ground by silicon carbide abrasive papers

with water and completely polished before XRD examination.

3.4.2 Thermal analyses

The thermal properties of samples were analyzed using the applied instruments,

SETARAM DSC 131 differential scanning calorimeter (DSC), with a constant heating rate of
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0.33 K/s (or 20 K/min). For a non-isothermal heating course, GFA parameters associated
with the glass transition temperature (Tg), crystallization temperature (Ty), supercooled liquid

region (ATy = Tx - Tg) can be obtained in the resulting DSC curve.

3.4.3 Qualitative and quantitative analyses

After complete grinding and polishing, the cross-section surface of the samples were
examined by the JEOL JSM-6330 scanning electron microscopy (SEM) with energy
dispersive X-ray spectrometer (EDS) to examine the quality and quantity of designed

compositions to identify the component elements and composition percentage.

3.5 Mechanical tests

3.5.1 Sample preparation

Before mechanical testing, the test samples were first sliced from the as-cast cylindrical
rods using a Buehler diamond cutter. The two ends and cylindrical surfaces of the cut
samples were ground by silicon carbide abrasive papers with water and then polished
completely. To confirm that the test sample would be ground with an ideally perpendicular
alignment between the compression surface and cylindrical axis, the top and bottom
cross-sectional surfaces were carefully ground and polished by a custom sample jig. The jig
was not only used to ensure parallelism between two ends of cut sample, but also to confirm

that the two ends are exactly perpendicular to the longitudinal axis of sample.

If the test sample is ground and polished by hand (without the jig), it is possible to

49



produce a slight misalignment between the compression surface and the cylindrical axis. For
example, there is a geometrical defect since some samples produced by this way showed tilts
of ~1° or slightly more. Wu et al. [140] has reported the information related to this subject.
Therefore, it is seriously required during the sample preparation required for the subsequent

compression tests.

3.5.2 Compression test

Room-temperature compression tests were performed on the cylindrical glassy rods with
2 mm in diameter at an initial strain rate of 1 x 10™ s™* by the Instron 5582 universal testing
machine. The height-to-diameter ratio (h/d) ~2 for the test sample, providing a nominal
aspect ratio of 2:1, as recommended by ASTM E9-89a (2000) for testing high strength
materials. In addition, the test samples were sandwiched between two WC bearing blocks
under the crossheads of the Instron testing machine. The black MOLY (molybdenum
disulfide, zinc oxide in special high quality grease) was used as lubricant to decrease the
friction between the test samples and WC platens. The test sample was centered carefully on
the loading axis to ensure the uniaxial loading. The applied strain can be calculated according
to the crosshead displacement after correction for machine compliance. To confirm the
reliability of mechanical properties, multiple compression tests were performed. According to
the stress-strain curve, the compressive strength, observed elastic modulus, plastic strain, and
elongation can be determined. To accurately measure the change of sample displacement
during deformation, the Instron 5582 universal testing machine was equipped with the
Instrton 2601 Linear Variable Differential Transformer (LVDT) displacement transducer, and
Figure 3.6 shows the Instron 5582 universal testing machine with the LVDT displacement

transducer.
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3.6 SEM observations

To observe the morphologies of fracture surfaces and side view for deformed samples,
the sample was examined by the secondary electron image (SEI) and backscattered electron
image (BEI) to observe the microstructure using the JEOL JSM-6330 scanning electron

microscopy (SEM), operated at 10 kV.

3.7 TEM observations

A Tecnai Field-Emission transmission electron microscopy (TEM), operated at 200 kV,
was used to characterize the microstructures and the composition of precipitates and phases.
TEM foil samples were prepared by focus ion beam (FIB) milling. The volume fraction of the

B2 particles was measured by [179]

P=C g nt=A)

(3.1)

where r is the average diameters of the B2 particle, t is the TEM foil thickness (~50 nm), and

A is the projected area fraction of the particles.
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Chapter 4 Results

4.1 Sample observations

The Cu-based alloys can be successfully prepared by the conventional copper mold
casting method. The appearance of the as-cast CusoZrs3Al; cylindrical rod and the copper
molds are shown in Figure 4.1. The size of the as-cast cylindrical rods is 2 mm in diameter
and ~30 mm in length. All as-cast cylindrical rods show lustrous appearances and smooth
surfaces, indicating that complete filling into the mold cavities was achieved during suction
casting. The surface of the CuspZrssAl; and (CuazsZr475Al5)100xV/Cox (X = 0, 1, 3, 5, and 10)
rods is glossy and shiny, which is identical to the characteristic that the general metallic
glasses always have. The cut samples reveal no observable macro-defect over the entire

sample for the cross-sectional view cut from the as-cast cylindrical rods.

4.2 Monolithic bulk metallic glasses

4.2.1 XRD and SEM/EDS analyses

The composition and amorphous nature of the cast CusoZrssAl; base alloys were first
examined by SEM/EDS and XRD. All the compositions of the as-cast rods are close to the
designed composition based on the SEM/EDS characterization. The XRD pattern of the
cross-sectional surface cut from the 2 mm as-cast rods consists of a board diffraction peak
characteristic of the amorphous structure without distinct crystalline peaks, as shown in

Figure 4.2.
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4.2.2 Mechanical properties

The representative engineering stress-strain curve obtained from the CusoZrssAl; BMG
compressed at a low strain rate of 1 x 10 s™* is shown in Figure 4.3. The yield stress is ~1.9
GPa with an elastic modulus of ~90 GPa and elastic strain of ~2%, as well as the compressive
failure strain of ~3%, as generally reported for the Cu-Zr-Al BMGs. Macroscopically, the
strain-strain curve is noted to exhibit numerous flow serrations in the plastic region, as
indicated in Figure 4.3. Each flow serration is characterized by load drop and load rise.
However, the first detectable serration occurs at a stress level ~0.8 of yielding stress (~1.5
GPa), well before the macroscopic yielding. It was noticed that the first onset of yielding in
the metallic glassy micropillar samples (1-4 um in diameter) is over 2-3 GPa [135, 136]. The
serrations in the um-sized pillars in a recipient plasticity stage have been demonstrated to be
caused by the emission of uncorrelated tiny shear bands [180]. As compared with the
corresponding um-sized BMG pillar samples, the premature yielding in the current mm-sized
BMG sample appears to be associated with the fact that a relatively higher population of

structure flaws, such as casting pores, unmelted particles and oxides.

4.2.3 Fracture surface observations

The side and fracture surface morphologies of tested samples were characterized after
compression by SEM. Figure 4.4 shows that the tested samples fractured along a plane
inclined approximately 42° with respect to the loading axis, consistent with the yielding
mechanism proposed by Zhang et al. [11, 97, 116, 181]. Several shear bands are observed on

the side view of sample surface. Figure 4.5 shows the vein-like patterns observed all over the
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fracture surface. As proposed by Spaepen [182], the vein-like patterns can imply the evidence
for a direction of shear band propagation along one shear plane. Some intermittent shear
regions with regularly spaced striations are also observed on the fracture surface, as indicated
in Figure 4.6, suggesting that shear band consecutively propagates along the principal shear
plane. It is found that there are resolidified-like droplets along with nearby vein-like patterns

on the fracture surface, as shown in Figure 4.7.

In Figure 4.5, the average spacing between regularly spaced striations caused by shear
events is measured to be 2.6 um (scattering from 1.8 um to 4.5 um). Note that the shear plane
has been tilted into the horizontal plane for SEM observation. It is consistent with our general
sense that the spacing between two striations observed on the fracture surface is close to the
order of a few micrometers. Moreover, the average shear offset on the shear plane for one
serration in the load-displacement curve (Figure 4.3) is estimated to be 1.7 um (scattering
from 0.8 um to 4.7 um). As reported in literatures, the amplitude of serration increases with
increasing deformation strain. Note that the current serration spacing values of ~1.7 um have
been transformed into the shear offset on the shear plane, which is in a similar range as the

spacing between two striations (~2.6 um).

The above result demonstrates that there is a correspondence between the major flow
serrations observed in the stress-strain curve and the regularly spaced striations on the
fracture surface, suggesting that major flow serrations are a result of consecutive shear band

propagation on previously existing shear bands.

4.3 BMGCs with micro-sized second phases
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To clarify the different issues of BMGCs, the experimental results of BMGCs are
divided into three parts according to the different research purposes, which are: BMGCs with
micro-sized second phases (when V or Co contents are 3 at% or higher, as presented in this
Sec. 4.3), BMGCs with nano-sized second phases (when V contents are lower than 3 at%, as
presented in Sec. 4.4), and BMGCs cast by two different molds (with different melt flow

natures, as presented in Sec. 4.5).

4.3.1 Microstructure analyses

Figure 4.8 shows the XRD patterns obtained from various as-cast 2 mm
(Cus75Zr475Al5)100xVx and (Cua75Zr47.5Al5)100xCox (X = 0, 3, 5, and 10) (in at%) samples.
The single broad diffuse hump is evident for the Cus75Zrs75Als sample, characteristic of
amorphous structure. There is no apparent crystalline peak in this base amorphous alloy. By
contrast, the XRD patterns show numerous crystalline peaks above the broad-like diffraction
hump/peaks in the CuZrAl-V and CuZrAl-Co alloys, with V or Co contents of 3% or above.
The (Cus75Zr475Al5)97Vs and (Cugz.s5Zrs75Als)95Vs samples show the presence of pure V
(body-centered cubic), Al,3V, (hexagonal close-packed), CuZu (ordered cubic) and CuZr
(monoclinic) crystalline peaks. And (Cus75Zrs75Al5)e0V10 shows the presence of pure V,
Al3V,4 and CuZr. To ensure these samples were not completely crystallized, DSC scans were
subsequently conducted, as shown in Figure 4.9. The results reveal the existence of glass
transition (Ty) at ~695 K and crystallization (Ty) temperatures at ~740 K in these samples,
with a supercooled liquid region, ATy, about 45 K. No apparent variation of Tg, Tx and ATy
with the V content was observed, suggesting these high-V containing alloys are composites
consisting of V and AlxV, particles dispersed in an amorphous matrix. In parallel,

(CU47_5ZI’47,5A|5)97C03, (CU47,5Zf47,5A|5)95C05 and (CU47,5Z|’47,5A|5)90C010 show the presence of

55



Co,Zr (cubic) and CuZr, (tetragonal), and CuZr crystalline peaks.

The backscattered electron image (BEI) SEM micrographs of (Cus7s5Zrs75Al5)e7V3,
(Cu47.5Zr475Al5)95C03, (CUsg75Zr475Al5)90V10, and (CuszsZr475Al5)90C010 are shown in Figures
4.10-4.13. All of these micrographs show obvious phase contrast indicative of the presence of
crystalline phases in the glassy matrix. There exist chemical differences between the darker

and brighter regions according to the EDS results, as two examples presented in Table 4.1.

In Figures 4.10 and 4.12, the darker dendritic phases, formed during rapid cooling, are
indexed to be the precipitated V and V,Al,3 phases, and the brighter matrix is CuZrAl
amorphous phase with dispersed minor CuZr (cubic) and CuZr (monoclinic) nano particles.
As shown in these images, the morphology of these precipitated phases is quite sharp,
especially for those dendrite arm tip. The volume fraction of the precipitated phase (V plus

V4Al3) increased obviously with increasing V content, as listed in Table 4.2.

In comparison, the second phase morphology in the Co-containing alloys is more
rounded and the tip appears to be smoother, as shown in Figures 4.11 and 4.13. According to
XRD and SEM/EDS (Table 4.1) results, the brighter region is mostly the Co-rich phases
(brighter as a result of much lower Al content not owing to the high Co content), and the
darker region is the Cu-Zr-Al amorphous matrix with dispersed CuZr (cubic) nano particles.
In brighter region, there are the spherical Co,Zr (face-centered cubic) particles containing
some minor CuZr; (tetragonal) phase. We have noted that the dispersion of such particles are
not uniform, being more near the rod surface. Figures 4.11 and 4.13 represent the areas with a
higher particle density. The volume fraction of the compound precipitated phase (Co,Zr plus

CuZr,) increased with increasing Co content based on quantitative measurement from the
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SEM/BEI micrographs, as listed in Table 4.2.

4.3.2 Mechanical properties

Room temperature uniaxial compression tests of the as-cast (Cus7.5Zr47.5Als5)100-xV/Cox (X
=0, 3, 5 and 10) BMGC rods specimens were conducted, with a specimen aspect ratio of ~2
(2 mm in diameter and 4 mm in length). Each alloy was tested for 3-5 times, and the
representative engineering stress-strain curves are shown in Figure 4.14 and 4.15. These
stress-strain curves are shifted horizontally for easy observation. The mechanical properties

are also summarized in Table 4.2.

First, the base BMG Cuy475Zr475Als exhibits the yield strength of 1.8 GPa and fracture
strain of 4.5%. The V-containing (Cus75Zrs75Al5)97V3, (Cus75Zr475Al5)05Vs and
(Cug75Zr475Al5)90V10  composite samples tend to fragment into several pieces by a
catastrophic fracture before or upon yielding and exhibit no obvious plastic deformation. The
compressive fracture strength for (Cuszs5Zrs75Als)97V3 is ~1.9 GPa with a fracture strain of
2.0%. For (Cus75Zr475Al5)95Vs and (Cuazs5Zr475Al5)90V10, the compressive fracture strengths
decrease to ~1.3 and ~1.1 GPa with reduced fracture strains of 1.4% and 1.3%, respectively.
In contrast, the Co-containing BMGCs exhibited notable compressive plasticity. The average
fracture strains are 8.2%, 3.6%, and 3.4% for (Cus75Zr475Al5)97C03, (CUs7.5Zr47.5Al5)95CO0s,
and (Cua75Zr475Al5)90C010, respectively. The average compressive yield strengths are 2.0, 1.9

and 1.5 GPa for the 3 at%, 5 at%, and 10 at% Co alloys, respectively.

The different plasticity behaviors in the V or Co containing BMGCs, with VV/Co contents

of 3% or above inherent with micro-sized second phases, are found to be related to the

57



second phase shape, as discussed in Sec. 5.2.

4.4 BMGCs with nano-sized second phases

4.4.1 Microstructure analyses

When the V content is lower than 3 at%, e.g., 1 at%, the second phase appears in the
nano-scale. X-ray diffraction (XRD) patterns obtained from various as-cast Cus7s5Zr475Als
and (Cug752Zr475Al5)99V1 (in at%) samples are presented in Figure 4.16. The patterns from
Cus75Zr475Als and (Cugzs5Zra7sAls)eeV1 samples are noted to consist of a single broad
diffraction peak, indicating the amorphous structure. The broad diffuse hump locates between

35° to 45° and there is no apparent crystalline peak.

SEM micrographs (backscattered electron image, BEI) of the as-cast Cus;75Zr475Als and
(Cug75Zr475Al5)99V1 samples are shown in Figures 4.17 and 4.18, respectively. These
micrographs are essentially featureless, without any phase contrast, indicating a
homogeneous microstructure without any appreciable micro-sized second phase that can be

resolved by the SEM resolution.

Microstructures of samples were then examined using bright-field and high-resolution
TEM. In the as-cast samples, no phase contrast is discernible in the TEM micrographs taken
from Cug75Zr475Als, but some B2-CuZr particles measuring about 3-5 nm in size were
observed in (Cus75Zrs75Al5)99V1. After deformation, few B2-CuZr phases with crystalline
lattice fringes (4-6 nm in size) become apparent in Cus75Zr475Als at high magnifications, as
shown in Figure 4.19. More B2 precipitates were seen in the deformed (Cus7.5Zr47.5Al5)99V1
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specimens, measuring slightly larger to 8-11 nm (Figure 4.20. Note that such B2 particles are
much finer than those observed previously [29, 33]. The volume fractions of the fine B2

phase were also measured using Eqn. (3.1), and the data are included in Table 4.3.

To demonstrate the effect of V on the phase separation, TMA was conducted to measure
the viscosity of Cus75Zr475Als and (CugzsZrs7.5Al5)99V1 as a function of temperature and the
results are given in Figure 4.21. It is noted that, in the supercooled liquid region,
(Cug75Zr475Al5)99V1 BMG sample exhibits a minimum viscosity (Mmin) of ~6 x10° Pa.s,
which is higher than ~2 x10° Pa.s for Cus7sZrs75Als. It is a three-fold increase in viscosity by
adding 1 at% V into the Cus75Zr475Als. This increase is consistent with the notion that a
composite (nanocrystals dispersed in a glass matrix) is usually more viscous than its
monolithic counterpart. Thus, the TMA result supports the idea that the addition of V to

Cug75Zr475Als5 causes phase separation.

4.4.2 Mechanical properties

Uniaxial compression tests were conducted on the as-cast Cus7sZrs75Als and
(Cug75Zr475Al5)99V1 samples at room temperature. Representative engineering stress-strain
curves for these samples are shown in Figure 4.22 and the mechanical properties are
summarized in Table 4.4. For easy observation, the curve of (Cus7sZrs75Al5)9V1 Sample is
shifted relatively to the right by 0.01 strain. Cus75Zr475Als and (Cug7.5Zr47.5Al5)99V1 alloys
exhibit notable compressive plasticity and, specifically, the fracture strains are 4.7 and 9.4%,

respectively. Both alloys have the yield strength of about 1.8 GPa.

The plastic region in the stress-strain curves of Cus7.5Zr47.5Als and (Cusz5Zr475Al5)99V1
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is serrated, similar to other metallic glasses exhibiting compressive strain, and each serration
corresponds to the propagation of one shear band [12, 183]. The total numbers of serration to
failure are counted to be 113 and 259 for Cusrs5Zrs7s5Als and (CuszsZrs75Al5)99V1, Who
fracture at 4.7 and 9.4%, respectively. There is no obvious difference in the number of shear
bands per unit strain (~35 shear bands per 1% strain) in these two samples. Special effort was
also made to estimate the amplitude of stress serrations in Figure 4.22. The serration
amplitude was 0.0126 GPa in Cus75Zrs75Als and only slightly higher (0.0159 GPa) in
(Cus75Zr475Al5)99V1; the average stress serrations are also similar. It is pointed out that the
first discernible strain burst (marked on the curves in Figure 4.22) is associated with shear
band formation. It occurs at 1.47 GPa in Cus75Zr475Als and at a slightly lower value of 1.35
GPa in (Cus75Zr475Al5)99V1. These stresses correspond to 0.78 and 0.73ay, where oy is the
“macroscopic” yield strength of the alloy, i.e. the stress plateau in the plastic region. The

ratios are in good agreement with that reported in other BMG alloys (~ 0.79 ) [184-186].

The role of vanadium on plasticity improvement was discussed in the frame of shear
band multiplication, energy dissipation during shear banding, twinning/phase transformation
of the B2-CuZr particles during deformation, and deformation induced B2-CuZr particle

coarsening, as discussed in Sec. 5.3.

4.5 BMGCs cast by two different molds

4.5.1 Microstructure analyses

Figure 4.23 shows the XRD patterns obtained from the as-cast (AC) Cus7s5Zrs75Als

(simplified as CZA in this figure) and Cusz5Zr43Al4Coq s (simplified as CZA-Co in this figure)
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samples cast by using two different mold inlets, i.e., the sharp S and blunt B molds. The
broad diffuse hump is evident of the amorphous structure, except for Cus;5ZrssAl,Cog 5 cast

by the B mold, where the peaks associated with the ordered BCC CuZr B2 phase are seen.

Also shown in Figure 4.23 include the XRD patterns of the deformed (DF) samples.
Since the XRD patterns of the AC and DF CuaszsZr475Als alloys, using the S or B mold, are
all the same; the DF patterns for Cus75Zr475Als are not shown. But the XRD patterns for the
DF Cuq475Zr48A1,Co05 samples, using both the S and B molds, reveal extra peaks from the

martensitic B19” phase, with some peaks associated with the retained B2 phase.

The cast microstructures were also examined by SEM, under the backscattered electron
image (BEI) mode, as compiled in Figure 4.24 and 4.25. Since the CuZr B2 particles
precipitated out in the Cus;5Zr475Als alloy cast by the S and B molds are both very fine and
minor (Table 4.5), the BEI images are basically featureless under SEM at low magnifications,
the same is for the Cus75Zr48Al4Cog5 alloy cast by the S mold, as shown in Figure 4.24. The
result shows that there is no micro-scaled crystalline phase in the former three samples. By
distinct contrast, there is huge gray region, containing numerous fine particles, in the
Cug75Zr48Al,Coo5 alloy cast by the B mold as shown in Figure 4.25. The shape and
dispersion of such gray regions change at different inlet locations, being larger and
near-rectangle-shaped at the entrance from 3 mm pipe into 2 mm pipe, and

near-spherical-shaped and smaller in the 2 mm pipe, as shown in Figure 4.25.

Systematic high resolution TEM characterizations on the as-cast Cus;5Zrs75Als and
Cug75Zr48Al,Coo5 alloys, using either the S or B mold, reveal that there are some fine

particles, indexed to be the B2 CuZr phase [42]. The measured average size and the
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approximate volume fraction are listed in Table 4.5. Upon plastic deformation, the B2 phase
is mostly transformed to the B19” martensitic phase, based on detailed analyses from multiple
selected area diffraction (SAD) patterns, as shown in Figure 4.26. Note that there are twins

embedded inside some martensitic particles, as an example demonstrated in Figure 4.26.

4.5.2 Mechanical properties

The room temperature uniaxial compression tests were conducted on Cus75Zr475Als and
Cus752Zr48Al4Cop 5 cast by the S and B molds. Each alloy was tested for 3-5 times, and the
representative engineering stress-strain curves are shown in Figure 4.27, and the average
mechanical data are summarized in Table 4.5. For easy observation, each stress-strain curve
in Figure 4.27 is shifted horizontally. Appreciable plasticity can be observed, especially for
the Co-containing alloys (>20%). Overall, the plasticity for the samples cast by the B mold
appears to be higher. The Cus75ZrssAl4Coo 5 alloys cast by the B mold even exhibit slight
work hardening behavior, as shown in curve d and the insert in Figure 4.27. In many previous
studies, BMGs or BMG composites showing work hardening during deformation would
greatly improve the deformation instability and result in notable tensile plasticity, as
discussed by, for example, Wu et al. [33, 34]. The samples prepared by the blunt inlet and

gradual area reduction B mold do exhibit more ductile behavior.

An analytic model, based on melt flow dynamics with or without vena contraction, is
settled, and the agreement between experiment and model is satisfactory. The effect of the
mold inlet edge on microstructure and mechanical properties of cast sample was discussed in
Sec. 5.4. Furthermore, the effects of B2 size on martensitic/twinning transformation and

mechanical plasticity was discussed in Sec. 5.5.
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Chapter 5 Discussion

5.1 Flow serrations of monolithic BMGs from energy release perspective

We noticed that vein-like patterns were only observed on the fracture surface and the
sheared surface obtained from the deformed BMG samples without failure only shows
intermittent shear region, which is consistent with the results of Song et al. [12], who
observed regularly spaced striations on the sheared surface. Compared with the brittle
Mg-based and the current more ductile Cu-based BMGs, Mg-based BMGs tend to fragment
into several pieces by a catastrophic fracture before or upon yielding and fracture surface
mainly consists of the cleavage structures [95, 128]. The fracture morphologies of the current
CuseZrasAl; BMG present a slightly more ductile fracture characteristic with the coexistence

of vein-like patterns and intermittent shear region on the fracture surface.

Since flow serration is a result of macro and major shear band propagation [184, 187],
the energy release during shear band propagation or at failure can be roughly estimated based
on the accumulated area under one serration in the stress-displacement curve. Note that the
minor serration caused by the concurrent multiple shear-band emission is not of the major
concern of this paper; only the major serrations caused by the propagation of the principal
shear-band is analyzed here. As represented by the inserted triangles in Figure 5.1, the energy

release (4E) can be expressed as

AE =7, Aug = gyug/2 (5.1)

where 7 is the shear yield stress, Aus is the shear offset and oy is the yield stress. Note that
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the shear offset on the shear plane inclined ~42° with respect to the loading axis can be
converted by the axial displacement. Based on the Eqn. (5.1), the average energy release in
the serrated region is estimated to be ~1.8x10° J/m? for the current CusoZrssAl; BMG. Note
that this average value is taken from several serrations in the stress-strain curve. The energy
release at failure is also estimated to be ~2.2x10° J/m? which is noted to be about two orders

of magnitude larger than those for each serration event.

This result suggests that the energy release at failure is sufficiently high to cause a
temperature rise and, thus, shear band may be heated up by the high accumulated fracture
energy, resulting in a local change of viscosity within a shear band, as discussed in the

previous literatures [188-191].

To further clarify this issue, the temperature rises during shear band propagation and at
failure are also estimated for comparison. As reported by Zhang et al. [188], the evolution of
the temperature profiles after shear deformation in metallic glasses can be given by the

thin-film solution of the heat equation:

AT = (

o) e (o). (5.2)

where AT here is the temperature rise above ambient temperature; H is the heat content of the
shear band caused by one shear event; p, C and « are the density, specific heat capacity and
thermal diffusivity of BMG, respectively; x is a half-width of hot zone from the center of
shear band; and t is the elapsed time of one shear event. For the current CuseZrisAl; BMG, p,
C, aand x are taken to be 7.1x10° kg/m?, 391 J/(kgK), 2.3x10°® m%s and 0.4 um, respectively,

which are taken from the data on the (CusoZrso)s2Als BMG [188] with a closely similar
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composition to the present alloy. Recently, Song and Nieh [184] and Chen et al. [187]
performed the similar compression tests using high-sensitivity strain-gauges directly attached
to two opposite sides of test sample to trace flow serrations for three Zr-based [184] and
Pd-based and Mg-based [187] BMGs. In their studies, the elapsed time during shear band
propagation for one serration (t) lasts for ~107 s. Based on the previous studies [184, 187], t
is assumed to be 10 s for the current CusoZrssAl; BMG. Here we also assume that the
energy release (4E) for one serration or at failure is completely converted into heat (H).
Taking the above parameters into the Eq. (2), the temperature rise during each serration (or
the shear band intermittent propagation) and at failure can be roughly estimated to be ~7 K
and ~471 K, respectively. The measured values about one shear serration event and final

failure are tabulated in Table 5.1.

Taking into account of the ambient temperature of ~300 K, the resulting temperatures
are ~307 K for one shear event and ~771 K at failure, respectively. In our parallel thermal
analyses, the Ty of the current CusoZrszAl; BMG is 723 K. It is evident that the temperature
rise during each shear band intermittent propagation is significantly low (only a few degrees
Kelvin), which is consistent with the results of Han and Li [191], and the resulting
temperature (307 K) is well below T4 (723 K). Therefore, local heating seems unlikely to be
the primary cause of the change in viscosity during a propagating shear band. The change in
viscosity appears to be associated with excess free volume generation within a shear band,

which has been recently demonstrated by Song and Nieh [184].

However, at failure, the resulting temperature (~771 K) is much higher than Ty (723 K)
and in the supercooled liquid region as a viscous flow state, suggesting that the resulting

temperature is sufficiently high to make the viscosity within a shear band dramatically drop.
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As reported by Yang et al. [189], they proposed a criterion to predict the temperature rise
within a shear band. Upon a catastrophic failure, the resulting temperature theoretically
predicted within a shear band is close to T4. Even if the elapsed time upon failure is in an
instant, the sudden temperature rise will become significantly large. If we exaggeratedly
assume that t decreases by one order of magnitude from 102 s to 10 s and, then, AT will
increase accordingly from 471 K to 1490 K for the current CusoZrs3Al; BMG. It is noted that
the resulting temperature of 1790 K is much higher than the melting temperature of ~1100 K
for the present alloy, namely, local melting might occur while BMG separates along the
fracture surface upon a instant failure. That is why the resolidified-like droplets with vein-like

patterns are simultaneously observed on the separated surface, as shown in Figure 4.7.

For the current CusoZrs3Al; BMG, the dependences of energy releases and temperature
rises for one shear event and at failure as a function of shear events during plastic
deformation, together with fracture morphologies, are plotted in Figure 5.2. During
inhomogeneous deformation in BMG, the uncorrelated multiple shear bands form and, then a
principal shear band soon develops and dominates the deformation process until failure.
Afterward, the principal shear band starts to propagate along the major shear plane. Since
small accumulated energy release for one shear event can quickly conduct away, it seems
unlikely that the viscosity within a shear band dramatically drops, and, thus, shear band will
not shear through the sample. Instead, the shear band would consecutively propagate in a
small distance, which eventually leads to the intermittent shear region with regularly spaced

striations on the fracture surface.

As intermittent shear events occur, the contact cross-sectional area of upper and lower

sheared samples becomes smaller and smaller with increasing sliding, thus the true stress is
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actually higher than the engineering stress. Meanwhile, in terms of the sample geometry, the
deviation from the uniaxial applied loading becomes more and more obvious with
intermittent sliding. Once BMG hardly sustain the geometrical instability, BMG will be
unable to accommodate shear band propagation and, thus, the principal shear band will run
away with a large shear offset and lead to a catastrophic failure caused by the high
accumulated fracture energy, resulting in the vein-like patterns and re-solidified-like droplets

observed on the fracture surface.

This result suggests that the poor plasticity of monolithic bulk metallic glasses is due to
the geometrical instability due to intermittent shear events and sudden temperature rise,
which is due to high accumulated fracture energy, to cause the dramatic drop in viscosity.
Once the BMG hardly sustains the geometrical instability, if there is no obstruction for shear
ban propagation, the principal shear band will run away with a large shear offset and lead to a
catastrophic failure. Therefore, it is hard to improve plasticity obviously by intrinsic
toughening such as increasing the Poisson’s ratio or increasing the randomly distributed free
volume. Thus, extrinsic toughening, such as introduced micro-sized or nano-sized particles,

would be the promised way to improve the deformation stability of BMGs.

5.2 Mechanical response of micro-scaled phases in CuZrAl-V/Co BMGCs

For the CuZrAl-V alloy system, since the compositions are outside the two-liquid
miscibility gap, the precipitated V-rich phases are postulated not to be formed by two-liquid
phase separation in the melt. Instead, these precipitated phases are thought to be formed as a
result of oversaturation of V content during rapid cooling. The melt did not separate into two
liquids and the V-rich phases were precipitated during cooling due to the oversaturation of V
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content. Thus, the precipitate shape and tip are rather sharp, as shown in Figures 4.10 and
4.12. Moreover, since Al was attracted by V to form the V,Al,; phase, Al is in depletion
within the CuZrAl amorphous matrix, hence, a small amount of CuZr (cubic) and CuZr
(monoclinic) phases were precipitated within the CuZrAl amorphous matrix. The effect from
the minor B2 CuZr phase will be presented in a separate paper. Here we only address the

effect of the V- or Co-rich phases on the mechanical response.

In comparison, the brighter domain is the Co-rich phases and the darker matrix is the
amorphous matrix in the CuZrAl-Co alloy system, as shown in Figures 4.11 and 4.13.
According to the EDS results, as shown in Table 4.1, there exist chemical differences
between darker and brighter regions, especially for the Cu and Co contents. Different from
the V-containing alloys, the precipitated Co-rich phases appear to have been formed during
high-temperature induction melting within the two-liquid phase equilibrium as shown in
Figure 1.2(b), as a result of the positive heat of mixing between Cu and Co. Since Co-Zr has
the most negative heat of mixing, -23 kJ/mol as shown in Table 1.2, CoZr-rich domain would
form in the liquid state. The rest contents formed the CuZrAl-rich domain. During cooling
from the liquid state, the two domains with different glass forming ability partition
individually in the solidified phases. Based on the XRD, SEM/EDS and TEM results, it is
concluded that the brighter region in (Cus7.5Zr47.5Al5)95C0s and (Cug7.5Zr47.5Al5)90C010 are the
mixture of dominant crystalline Co,Zr (face-centered cubic) plus minor CuZr, (tetragonal)
particles. This is because that the CoZr-rich composition has poor glass forming ability. The

CuZrAl region transform into amorphous matrix due to high glass forming ability.

Due to the difference of the morphology and tip shape of precipitated phases in the V-

and Co-containing alloy systems, there exists a difference in stress concentration of these two
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alloy systems under deformation. Considering the tip of those brittle precipitated phase as a
notch-tip inside the specimen, the concentrated stress at the tip of precipitated phase can be
assessed using the linear elastic fracture mechanics [192]. The variation of the normal stress
on the plane of the notch, i, under applied stress, oy, with a root-radius p and a distance

ahead of the notch-tip a (Figure 5.3(a)) is given by:

o= oo [1+2 (alp)"?]. (5.3)

Considering the long axis of the precipitated phase is not always perpendicular to loading

direction. The factor Fyis introduced into this equation [192]:

a=oo[l+2(@p)"] Fy. (5.4)

In any case, the ratio of precipitated phase length over root-radius, a/p, for the precipitated

phase tip will dominate the degree of stress concentration.

By inserting proper data from the current measurements, we obtain the ratio of stress at
the precipitated phase tip over applied stress and the angle factor, as listed in Table 4.2.
Obviously, there is higher degree of stress concentration, oi/(Feop), in the V-additive alloys

than in the Co-additive alloys by a factor of ~3.5.

The difference of stress state in these two systems can be explained in Figure 5.3.
Figures 5.3(b) and 5.3(c) compare the difference in stress concentration with sharp and
rounded precipitated phase tip of the V- and Co-containing alloys. Since there is a high

degree of stress concentration at the tips of V-rich sharp precipitated phase, cracks are more
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likely to be initiated at such sites, causing premature failure and much lower plastic
deformation. Also, stress concentration sites would increase with increasing volume fraction
of precipitated phases. Thus, fracture strengths and strains were seen to decrease with

increasing V content.

With the lower degree of stress concentration in the Co-containing alloys with round
Co-rich phases, as shown in Figure 5.3(c), the stresses are more uniformly distributed on the
surface of rounded precipitations. Cracks are less likely to form. Instead, debonding could
occur at the later stage of deformation. Overall, the mechanical response of the Co-containing

BMGC tends to be more promising.

However, seems there are limit of plasticity improvement by introducing micro-sized
second phase due to the stress concentration on the sharp interface between matrix and brittle
second phase. Thus, to toughen the BMGCs, rounded tough second phases are must to be
select to increasing the deformation stability via absorbing strain energy and obstructing

shear band propagation.

5.3 Effects of V on phase formation and plasticity improvement

Recently, it was demonstrated that the plasticity of BMGs could be enhanced by
introducing micron or nano-scale into the amorphous matrix [20-34]. For example, Pauly et
al. [29-32] showed that the presence of B2-CuZr nanoparticles in a Cus75Zr475Als alloy could
apparently improve its tensile plasticity. The B2-CuZr nanoparticles, ~10 nm in the as-cast
condition, were able to undergo twinning, phase-transformation, and coarsening (to about 50
nm) under deformation. These deformation processes could prevent from plastic instability
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and could dissipate energy, thereby improving the ductility. Wu et al. [33, 34] also
demonstrated that a minor 0.5 at% addition of Co in the Zrs3Cus75A14C0o 5 alloy could further
improve the tensile ductility, due to much larger spherical particles (or regions) up to 100 um
which contains ~80 nm B2-CuZr nanoparticles. In this Co-containing alloy, the strain
hardening rate was enhanced and plastic instability was suppressed due to a B2-CuZr to
B19’-ZrCu martensitic transformation, similar to TRIP (transformation-induced plasticity)

steels.

Since vanadium has similar thermodynamic features as Co with respect to the Cu-Zr-Al
system. The mixing enthalpy of the binary Cu-V (+5 kJ/mol) or Cu-Co (+10 kJ/mol) system
is positive and the mixing enthalpies of the other binary systems are all negative, as shown in
Table 1.2 [43]. Furthermore, minor addition of vanadium changes the crystallization mode to
encourage the precipitation of Cu-Zr phase of the samples and leads to change of mechanical
properties. However, glass forming ability of BMGs decreased with further increasing V
content [44]. Furthermore, since the heat of mixing between the two major constituents in this
system, Cu and Zr, is more negative than that between other elemental combinations, more
B2-CuZr particles are expected when a small amount of V is added to displace Cu from the
amorphous matrix. Hence, small amount addition of V is introducing into Cu-Zr-Al alloy

system to produce BMGCs with nano-sized CuZr B2 phase.

The data presented so far indicate that the addition of 1 at% V to Cus75Zr475Als
improves the compressive plasticity but higher V addition degrades the plasticity. The fact
that the serration density, i.e. shear band numbers per unit strain, is essentially the same in
both Cus75Zr475Als and (CuszsZra75Al5)eV:  (Figure 4.22) suggests that the observed

plasticity enhancement in (Cus75Zr475Al5)99V1 IS Not a result of shear-band multiplication, as
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often reported in BMGs with improved plasticity [16]. The amplitude of stress serration is
associated with energy dissipation during shear band propagation. Our data indicate that the
serration amplitude in the two alloys is comparable (0.0126 GPa vs 0.0159 GPa) suggesting
that the energy dissipated during shear band propagation in the two alloys is also similar. In
other words, the presence of V appears to have insignificant effect on the energy dissipation

during plastic deformation.

Strain burst on a stress-strain curve is associated with shear band formation [183]. The
first discernible burst is considered the very onset of yielding and is affected by the initial
free volume content in a BMG alloy [193, 194]. The result that (Cus75Zrs75Al5)99V1 has a
lower strength (1.35 GPa) than that of Cus;5Zr475Als (1.47 GPa) suggests that the 1 at% V
addition might have higher free volume content. However, according to Spaepen’s
constitutive equation and related deviation [193], the yield strength was found to be
extremely sensitive to the free volume content. It follows that such a small change in strength
is unlikely to be caused by an appreciable change in free volume. Thus, the observed
improved plasticity is unlikely resulted from significant increase in free volume caused by the

V addition, either.

As mentioned before, the addition of V to the Cus;5Zr475Als alloy could cause the melt
to separate into the Cu-rich and V-rich regions during casting because a positive heat of
mixing between Cu and V. To demonstrate the effect of V on the phase separation, TMA was
conducted to measure the viscosity of Cus75Zr475Als and (CuazsZra75Al5)99V1 as a function
of temperature and the results are given in Figure 4.21. It is noted that, in the supercooled
liquid region, (Cus75Zr475Al5)99V1 BMG sample exhibits a minimum viscosity (nmin) 0of ~6 X

10° Pa.s, which is higher than ~2 x 10° Pa.s for Cus75Zrs75Als. It is a three-fold increase in
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viscosity by adding 1 at% V into the Cus7s5Zrs75Als. This increase is consistent with the
notion that a composite (nanocrystals dispersed in a glass matrix) is usually more viscous
than its monolithic counterpart. Thus, the TMA result supports the idea that the addition of V

to Cuy75Zr475Al5 causes phase separation.

When V concentration is high (>1 at%), however, intermetallic Al,3V, is formed (see
Figure 4.10 and 4.12). It suggests that V has a higher affinity to Al than to Cu or Zr. In other
words, V and Al atoms tend to agglomerate or cluster in the glass matrix and form AlyV,
when the V concentration is excessive (> 1%), as indicated in Table 4.3. Intermetallic
particles are usually brittle, especially when their sizes are larger than ~um. In the current
case, the dimension of AlxV, is about 1-5 um. Upon loading, Al,3V, is weaker than the
strong amorphous matrix, thus fractures first whilst the amorphous matrix is still in the elastic
range. At the same time, the sharp tip of the phase becomes the stress concentration site, thus,
the fractured Alx3V4 subsequently becomes shear band initiation site and exacerbates the

fracture process.

When V content is low, for example, in the (Cus7.5Zr475Al5)99V1 alloy, no V-containing
compound could be found in the sample. Since V is practically insoluble in Al [195], Cu and
Zr constituents in the alloy apparently open up the Al-V solid-solution phase field. Also,
since the heat of mixing of Cu-Zr and V-Al is more negative than that of Cu-Al and V-Zr, it
results in the formation of the Cu-Zr rich and V-Al rich regions, i.e. the depletion of Al from
the original Cu-Zr-Al matrix. Aluminum depletion produces an amorphous matrix with a
higher Cu-Zr content and, thus, thermodynamically favors the formation of B2-CuZr particles

during cooling. In fact, the composition of the amorphous matrix is close to equimolar Cu-Zr.
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Pauly et al. [29] pointed out that the presence of fine B2-CuZr could enhance plasticity
and prevent catastrophic failure in Cus75Zr475Als. The B2 particles greater than about 25 nm
appeared to have undergone twinning transformation. The microstructure of the current
V-containing alloy was examined using TEM. Bright-field and high-resolution TEM
micrographs taken from deformed Cus7s5Zrs75Als and (CuazsZrs75Al5)99V:1 are given in
Figures 4.19 and 4.20, which show the dispersion of nanocrystals in the amorphous matrix.
Through the determination of the lattice constant by fast Fourier transformation (FFT) filter
of the ordered regions, the nanocrystals in both samples are identified to be B2 CuZr, as
shown in Figures 4.19 and 4.20. No nanocrystal was discernible in the as-cast Cus75Zr475Als,
but a slight amount of nanocrystals was observed in the deformed sample. Both the density
and size of the B2 phase in the deformed Cuys75Zr475Als and (Cua75Zr47.5Al5)99V1 are much

higher than that in the as-cast specimens, as indicated in Table 4.3.

In addition, more and larger B2 nanocrystals are observed in the deformed
(Cug75Zr475Al5)99V1 sample (~7.2 vol% and ~10 nm in diameter) as compared to that in the
deformed Cugs75Zr475Als (~1.5 vol% and ~5 nm in diameter). It is evident that deformation
can induce precipitate growth in the current BMGs, consistent with the previous observation
[29]. Twinning and phase transformation in B2-CuZr have been suggested to contribute to the
ductility improvement in CuZrAl-based metallic glasses [29, 33]. However, in the current
study, no twin formation or phase transformation of the current fine B2-particles (all less than
10 nm) was observed in the (Cus7.5Zr47.5Als5)99V1 alloy, excluding the possibility that twinning
or phase transformation has contributed to the observed plasticity enhancement. A plausible
explanation might be related to the size of B2 particles. When the B2 particles are measured
greater than ~25 nm, the accumulated shear stress within the B2 phase is high enough to

induce twinning or even martensitic transformation. But if the B2 phase is too small, as in the
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range of 10 nm or less, twinning or martensitic transformation would not be able to proceed.

There seems to be a critical size for the induction of twinning or martensitic transformation.

Pauly et al. [29] suggested that deformation-induced growth of B2-CuZr could dissipate
energy, prevent catastrophic shear band propagation and, thus, improve plasticity. In the
current (Cus75Zr475Al5)99V1 sample, the mean size of B2 particles increases from the initial
3-5 nm to 10 nm, and the volume fraction also increases from 0.8 vol% to 7.2 vol% after
deformation. However, the number of B2 particles in the sample is noted to decrease after
deformation; specifically, they are 12 x 10* /m® and 8.4 x 10* /m® in samples before and after
deformation. The reduction of particle number indicates that some small CuZr particles were
dissolved during plastic deformation. The observation is also consistent with the fact that
volume fraction of the B2 phase increases from 0.8 vol% to only 7.2 vol%,; the volume
fraction is evaluated to be 12.5% if all initial particles grow simultaneously. It further
suggests that the nucleation of new B2 particle during deformation was negligible. In the

following, we perform an analysis to elucidate the energy balance during deformation.

The initial and final energy densities of the system, as illustrated in Figure 5.4, are
N4l 13)G, +n (4 )y, o +@A-f,)G, and n (47’ /3)G, +n,(47)y, , +(1- )G, ,
where the subscripts 0 and 1 represent the initial and final states, respectively. In the
expressions, G, and G, are the energy density of the particle and matrix, r is the average
diameters of the B2 particle, n is the number density per unit volume of the B2 particles, and

Yo-m I8 the particle-matrix interface energy, and f (= n(4zr®/3)) is the volume fractions of

the B2 particle. Assuming there is no heat loss, energy balance would require the mechanical

work (W) done to be
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W= (£, )G, ~6u) + 3y (2 —) 9

1 0

In the equation, (G, - Gy,) is essentially the crystallization energy, which is estimated to be
2.21 x 10° J/m® from previous DSC measurements [196, 197]. Substitute data from the

current measurements, we obtain y,  =0.293 J/m? as the particle-matrix interface energy in

the (Cus7.5Zr475Al5)99V1 Sample. To our best knowledge, there is no experimental datum for
the crystallized particle-amorphous matrix interface energy in any metallic glass system,
although it was expected to be low [198]. The only available datum is for silicon, which is
about 0.4 J/m? [199]. In comparison, the crystalline-crystalline interface energy, for example,

the 6 precipitate-aluminum interface is about 1.5 J/m? [200]. The current estimation of Yoom

for B2-CuZr appears to be in the right range.

Since the interface energy is directly related to the coarsening, within the classical
coarsening theory [201], the above reasonable extracted interface energy implies that the
coarsening argument is logical. From the energy point of view, our current results appear to
indirectly support the idea of Pauley et al. [29], i.e. plasticity improvement in
(Cug75Zr475Al5)99V1 s attributable to the dynamic coarsening of B2-CuZr particles, when the
B2 particles are too small to induce twinning or martensitic transformation. The fine B2
particles in the current alloys appear to be unstable, and would undergo coarsening during
deformation. It is expected that once the B2 particles grow larger to a level of a few tens of

nanometers, twinning or martensitic transformation might be induced.

5.4 Effect of cast mold inlet orifice on plasticity of Cu-Zr-Al glassy alloys
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In the previous research using the commercial mini-suction furnace [41, 42], the B2
particles are all smaller than 5 nm in the as-cast condition and there was no twining or
martensitic transformation observed in the Cu-Zr-Al or Cu-Zr-Al-V alloys during
deformation. In comparison, the B2 particle size in other reported papers was about 25 nm in
Cug75Zr475Al5[29] and about 80 nm in Cuaz5Zr48Al4C0g5 [33, 34]. The size of the B2 phase
seems to impose some effects on the twining or martensitic transformation. While the
composition influence via the minor addition of Co [33, 34] or V [42] have been researched,
another factor that has not been thoroughly considered might be the cast condition. Thus, in
the following research, two different suction cast furnaces, with different inlet orifice edges
from the tank to the pipe and different area-reduction rates, were introduced to explore the B2
size effects on the mechanical plasticity. This would allow us to examine the effects of cast
mold inlet orifice on the resulting microstructures and second-phase morphology, and

in-turns the mechanical response.

The data presented in Sec. 4.5 indicate that the microstructures are resulted from
different flow characteristics during casting by using different mold inlets. In what follows,
three aspects are considered in terms of the vena contraction [177, 178], sudden flow velocity
change, and Reynolds number to assess the suction cast conditions and the consequence on

resulting alloy microstructures.

First, for the sharp inlet edged mold as shown in Figure 3.5(c), the tank cross-sectional
area (Ap) is much larger than pipe area (Asz) so that there would be a sudden change in
diameter across the inlet. Since the inlet edged is sharp so that the fluid streamlines cannot
abruptly change direction when the mold diameter contracted suddenly. In such a case, the

streamlines are unable to closely follow the sharp angle in the mold wall. The converging
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streamlines follow a smooth path, leading to the narrowing of the flow. As a result, there is
flow separation, creating recirculating separation zones at the entrance of the narrower pipe.
The main flow would be contracted at the separated flow areas (A;) and later on be expanded
again to cover the full pipe area (As), it is called the vena contraction [177, 178]. The
contracted flow can be expressed by using the Borda—Carnot equation, with the coefficient of

contraction u which is defined by [177, 178]
U= —=. (5.6)

According to the measurements by Weisbach [178], the contraction coefficient for a sharp

edged contraction can be approximately expressed as [178]:
3
w=063+037(32) . (5.7)
1

By substituting the suction furnace with the sharp edged mold, we obtain x = 0.63 (it is about
0.6300049), or the contracted area at the entrance of the narrower pipe A; is equal to 0.63As.
Since the fluid experiences a sharp cross-sectional area reduction from the tank into the inlet,
there is a violent fluid-direction change so that the fluid would be highly unstable. Moreover,
when the fluid flows into the entrance, the violent fluid-direction change would induce the
flow separation so that the fluid streamlines no longer follow the mold surface. As shown in
region 1 in Figure 5.5(a), if there are two miscible liquids due to liquid phase separation in
the fluid, one presented in white color and one in gray color [13, 14], the diameter of the

separated liquid would reduce dramatically through the inlet and vena contraction.

Secondly, due to the fluid is non-compressible and the mass of the fluid is in
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conservation, the velocity must change dramatically from the tank to the pipe through the
sharp cross-section reduction near the inlet and especially at the vena contraction. Since the
fluid is continuous, the volumetric flow rate through any cross-section A, or A, has to be

equal, thus we have

Aava = Abe, (58)

where v, and v, are the mean flow velocity at the cross-sections A; and Ay, respectively.
Meanwhile, the overall time for the fluid to flow through each region would equal the time
for ingot shrink (t;) in the tank. Since ts can be easily measured, the mean flow velocity at any

position in regions 1, 2 and 3 can be roughly calculated, as shown below:

bl La Lo Ls

mrEeEeReEon (59)
where Lj, Ly, L3, L4, and Ls are the lengths of tank, vena contraction, pipe of 4 mm, pipe of 3
mm, and pipe of 2 mm, respectively. Meanwhile, the v, v, V3, V4, and vs are the mean flow
velocity of these five regions. Note that vy, v3, v4, and vs are all a function of v; following
Egn. (5.8) by inputting each cross-sectional area. Thus, v; can be roughly calculated by Eqgn.
(5.9) with corresponding V», vs, V4, and vs. It follows that the mean flow velocity at any
position in regions 1, 2 and 3, as well as the velocity change across any cross-sectional area

change, can be easily calculated, as listed in Table 5.2.

As shown in Table 5.2 and Figure 5.6, the velocities of each region in the sharp mold are
fast and the velocity change when the cross section reduction is significant, especially in the

vena contraction region which is as high as 2107 m/s? in the narrow region. As a result, the
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inertia of the fluid flow is large when the fluid flows through the sudden reduced area. As
shown for region 2 in Figure 5.5(a), the violent velocity rise and velocity change would bring

huge fluid flow inertia, cutting the separated liquid block into small pieces.

For region 3 in Figure 5.5(a), the mean flow velocity is fast and thus the inertial forces
of the fluid would affect the stability of the fluid flowing. However, it is hard to indicate the
stability of the fluid flowing by only the mean flow velocity. To further characterize the flow

turbulent degree, the Reynolds number (Re) is introduced as given by [202, 203]:

Re=7’ (5)

where v is the mean flow velocity of the fluid (m/s) at any cross-section, L is a pipe diameter
(m), and v is the kinematic viscosity (m2/s) of the melt. The Reynolds number is used to
characterize different flow modes, such as laminar or turbulent flow. For low Reynolds
numbers R, < 2300 [203], laminar flow occurs where viscous forces are dominant,
characterized by smooth and constant fluid motion. In the interval between R, = 2300 - 4000,
laminar and turbulent flows are both possible. It is called the transition flow, depending on
other factors such as pipe roughness and flow uniformity. At high Reynolds numbers Re >
4000, turbulent flow occurs, dominated by inertial forces with frequent chaotic eddies,
vortices and other flow instabilities. Substitute current data plus the kinematic viscosity of
CugoAlyg at 1450°C, which is approximate 4.5 x 107 m#s [204], we can obtain the Reynolds

numbers under different pipe diameters and mean flow velocities, as also listed in Table 5.2.

As shown in Table 5.2, in the tank (region 1), where the ingot was melt, for the S mold,

Re is about 916 (< 2300) and thus the laminar flow occurs. The melt which has undergone
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liquid phase separation at high temperatures remain two miscible liquids as large blocks, as
shown for region 1 in Figure 5.5(a). When the fluid passes through the inlet into the pipe
entrance (region 2), R, increases dramatically to 7500 (> 4000) with a sudden increase of
mean flow velocity. As a result, turbulent flow occurs and the chaotic eddies would force the
miscible liquid into small pieces, which then flows into the pipe, as shown for region 2 in
Figure 5.5(a). The velocity in region 3 is still relatively high with R, about 5953 and thus the
fluid is still unstable so that the small separated liquids would tend to decompose during the

flowing, as shown in the insert for region 3 in Figure 5.5(a).

On the other hand, the B mold would lead to lower mean flow velocity, velocity change,
and Reynolds numbers. The fluid becomes more stable and it is benefit to retain the separated
miscible liquid, as shown in Figure 5.5(b). Since the cross-section of the tank of the B mold
in our study is rectangle, the separated liquid was shaped up into a cuboid shape. With
gradual cross-sectional area reduction, the size of the separated liquid was reduced but the
appearance was maintained. Thus the huge rectangle-shaped CuZr-rich phase was maintained
before the fluid flow into the 2 mm mold, as shown in the inset of Figure 5.5(b). The fluid is
laminar flow and remains stable until the mold diameter is reduced to 2 mm where the
temperature is already lower and the melt become viscous and finally solidified. Here the
Reynolds number was raised to the transition range of 3483 (Table 5.2), the minor chaotic
eddies and fluid flow inertia would render huge rectangle-shaped CuZr-rich phase region
searated into several smaller near-spherical-shaped regions, as shown in the lower insert in

Figure 5.5(b).
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55 Effects of B2 size on martensitic/twinning transformation and

mechanical plasticity

It is demonstrated above that the B2 particles in samples cast by the blunt mold would
result in more and larger B2 particles, as compared with those cast by the sharp mold. And
such B2 particles, greater than the threshold size (approximately in the range around 15-20
nm), would undergo martensitic transformation from the ordered BCC B2 phase into the
monoclinic B19’ phase. In some of the larger transformed B19’ particles, embedded twins are
also found. Such complex martensitic/twinning transformation would help in absorbing the
dynamic energy from the propagating shear bands in the Cu based BMGs, preventing
catastrophic single major shear-band propagation along the principal shear direction and thus
improving plasticity significantly. The martensitic/twinning transformation induced plasticity
(TRIP), similar to the toughening mechanisms in TRIP steel or Y-ZrO,, is indeed very

promising in BMGs.

In the Co-containing Cus75Zr48AlsCoos alloys, this effect is particularly more
pronounced. This is because that the Co with a positive heat of mixing with Cu (+10 kJ/mol
[43]) would promote Cu to form more CuZr B2 partilces [41]. Thus, more B2 particles,
aggregating together to form the gray region (Figure 4.25) if the blunt mold is in use, would
impose a highly positive factor on the mechanical performance. The toughening mechanism
would even induce work hardening in the flow stress curve, characteristic of ductile behavior

in metallic materials.
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Chapter 6 Conclusion

The microstructural and mechanical response of the Cu-based bulk metallic glasses

(BMGs) and bulk metallic glass composites (BMGCs) are systematically researched in this

thesis. It starts from the energy release of shear banding propagation in the fully amorphous

base CuZrAl BMGs, followed by the characterization and analysis of the BMGCs with

micro- or nano-sized second phases. Finally, the size effects of the second phases on the

mechanical plasticity are examined more in details by using different cast molds.

1.

During one shear event, the energy release and temperature rise are significantly low
(~1.8x10° J/m? and ~7 K), resulting that shear band will not shear off the sample but to
consecutively propagate in a small distance, which leads to the intermittent shear region
on the fracture surface. However, due to high accumulated fracture energy about 2.2x10°
J/Im?, the sudden temperature rise about 471 K is sufficient high to cause the dramatic
drop in viscosity within a shear band upon a catastrophic failure, resulting in the
vein-like patterns and re-solidified droplets on the fracture surface. The result suggests
that the poor plasticity of monolithic bulk metallic glasses is due to the geometrical
instability due to intermittent shear events and sudden temperature rise due to high
accumulated fracture energy. If there is no obstruction for shear band propagation, the
principal shear band will run away with a large shear offset and lead to a catastrophic

failure when the BMG is hard to sustain the geometrical instability.

Microstructures and mechanical response of the two alloy systems of CuZrAl-V/Co are
examined and compared. Stress concentration associated with the second crystalline

phase in the amorphous metallic matrix plays an important role in the deformation
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mechanism in bulk metallic glass composites. In the V-containing alloys, the tips of
dendritic precipitate V-rich phases (formed during rapid cooling) are quite sharp. Stress
can be easily concentrated around these tips, inducing micro-cracks and lowering the
mechanical response. With increasing such dendritic precipitates with sharp tips, both
the strength and plasticity would degrade. In contrast, the Co-rich round phase is formed
already in the melt at high temperatures via liquid phase separation. Upon rapid cooling,
round crystalline second phases are retained. The stress concentration level was
calculated to be much lower, and the mechanical response of the Co-containing BMGC

IS more promising.

Microstructural examination showed that V was dissolved in the amorphous matrix and
would promote the formation of B2-CuZr precipitates in (Cus75Zr475Als5)99V1. Plasticity
improvement was observed only in the (Cus7sZrs75Al5)99V1 alloy and, specifically,
fracture strain doubles from 4.7 to 9.4 %. Shear-band multiplication, energy dissipation
by viscous flow serration, mechanical twinning and deformation-induced phase
transformation of B2-CuZr particles were excluded as the possible mechanism for the
current fine B2 particles measuring 3-5 nm. An energy-balance analysis based on
deformation-induced B2 particle coarsening produced an interfacial energy of 0.293
JIm? for the B2 particle-glassy matrix interface. This energy value agrees with the
available amorphous-crystal interface energy in the literature for silicon, which is about
0.4 J/m?. The result appears to indirectly support the idea suggested by Pauley et al. that
plasticity in (Cus7s5Zrs75Al5)9V1 is caused by dynamic coarsening of the B2-CuZr
particles. It is expected that once the B2 particles grow larger to a level of a few tens of

nanometers, twinning or martensitic transformation might be induced.
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Thus, to enlarge the B2 particles, blunt inlet edge mold is introduced to cast Cu-Zr-Al
and Cu-Zr-Al-Co BMGCs. This study explores the effects of the B2 size and distribution,
resulted from the sharp or blunt inlet cast mold, on the mechanical plasticity in the
CuZrAl and CuZrAlCo bulk metallic glasses. With the sharp mold, the resulting B2
CuZr phase is smaller and fewer, and dispersed randomly in the glass matrix, consistent
with the fluid dynamic model prediction by the vena contraction, velocity change and
the he Reynolds number arguments. In contrast, with the blunt mold, the more stable

fluid results in more and larger B2 particles aggregating as large gray rounded regions.

It is found that the B2 particles need to be over a critical size to induce the martensitic
transformation into the B19’ phase (sometimes with twins embedded). Such
martensitic/twinning mechanisms occurred during deformation can effectively help in
absorbing the dynamic energy from the propagating shear bands in the Cu based BMGs,
preventing catastrophic single major shear-band propagation along the principal shear
direction and thus improving plasticity significantly. The martensitic/twinning
transformation induced plasticity (TRIP), similar to the toughening mechanisms in TRIP

steel or Y-ZrO,, is indeed very promising in BMGs.
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Tables

Table 1.1  Fundamental properties and application fields of bulk amorphous and

nanocrystalline alloys [1].

Fundamental characteristic Application field

High strength Machinery structural materials
High hardness Optical precision materials
High fracture toughness Die materials

High impact fracture energy Tool materials

High fatigue strength Cutting materials

High elastic energy Electrode materials

High corrosion resistance Corrosion resistant materials
High wear resistance Hydrogen storage materials
High viscous flowability Ornamental materials

High reflection ratio Composite materials

Good soft magnetism Writing appliance materials
High frequency permeability Sporting goods materials

High magnetostriction Bonding materials

Efficient electrode (Chlorine gas) Soft magnetic materials

High hydrogen storage High magnetostrictive materials
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Table 1.2 Relationship between the heats of mixing among the component elements in the

Cu-V-Zr-Al and Cu-Co-Zr-Al alloy system (unit: kJ/mol) [43].

Cu \% Co Zr Al
Cu +5 +10 -23 -1
V +5 -- -4 -16
Co +10 -- -41 -19
Zr -23 -4 -41 44
Al -1 -16 -19 -44
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Table 2.1 Summary of A Tx (= Tx- Ty), Trg(= To/T1), ¥ (= T/(Tg+T))), critical cooling rate

R¢ and critical section thickness Z for typical BMGs [71].

Alloy Tx-Ty To/T T(TgtT))  Re(Kfs)  Zg(mm)
MgsoNieNd; 16.3 0.517 0.353 12514 0.6
Mg7sNisNdig 20.4 0.57 0.379 46.1 2.8
Mg7oNi1sNdss 22.3 0.553 0373 178.2 1.5
MgesNizoNds 42.1 0.571 0.397 30 3.5
MgesNizsNd1g 54.9 0.551 0401 50 7
Zr66A|3Ni26 35.6 0.537 0.368 66.6
Zr66A|3CU7Ni19 58.4 0.552 0.387 22.7
Zr66A|3CU12Ni14 77.4 0.559 0.401 9.8
Zr66A|9CU15Ni19 79.5 0.561 0.403 4.1
ZI’65A|7_5CU17,5Ni10 79.1 0.562 0.403 15 16
Zr57Ti5AI10Cu20Ni3 43.3 0.591 0.395 10 10
Zr38_5Ti16_5Ni9_75Cu15,258e20 48 0.628 0.415 1.4
ngg_ggTi15_12Nig_ggCU13,778821_ 57 0.625 0.42 1.4
Zr41_2Ti13_3CU12_5NiloBezg_5 49 0.626 0.415 1.4 50
ZI’42_63Ti12_37CU11,25Ni108823,75 89 0.589 0.424 5
ZI’44Ti11CU10Ni108€25 114 0.518 0.404 12.5
ZI’45_33Ti9_62CU3,75Ni108826,25 117 0.503 0.397 17.5
ZI’46_25Ti3_25CU7,5Ni108627_5 105 0.525 0.402 28
La55A|25Ni20 64.3 0.521 0.388 67.5 3
La55AI25Ni15Cu5 67.6 0.526 0.394 34.5
La55AI25Ni10Cu10 79.8 0.56 0.42 22.5 5
LassAlosNisCuss 60.9 0.523 0.389 359
LassAlasCuy 38.9 0.509 0366 72.3 3
La55AI25Ni5Cu10Co5 76.6 0.566 0.421 18.8 9
L&66A|14CU20 54 0.54 0.399 375 2
Pd4oCU3oNi10P20 78.9 0.69 0.464 0.1 72
Pds15CU,Siz65 37 0.577 0387 2
Pd79_5CU4Si16_5 40 0.585 0.392 500 0.75
Pd77_5CU6Si16_5 41 0.602 0.4 100 15
Pd77CU6Si17 44 0.569 0.388 125 2
Pd73_5CU108i16_5 40 0.568 0.385 2

PdaoNisP2o 63 0.585 0.409 0.167 25
NdeoA'lsNiloculoFes 45 0.552 0.393 5
Nd61A|11Ni8CO5CU15 24 0.598 0.394 6

CugoZr3oTi1o 50 0.619 0.409 4
CussZr7TigBer 42 0.637 0412 5
TizaZr11Cus7Nig 28.8 0.597 0.389 100 4.5
TisoNi2aCuzB1Si,Sns 74 0.554 0393 1
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Table 2.2 Summary of the mechanical properties of the previously reported Mg-based

BMGs under compression tests [128].

Alloy composition (at%) Sample diameter (mm) ¢ (MPa) » (%)
MgesCU20AJ10Y 2Gdg 1 956 0.3
MgesCU20Ag5Gd1g 1 909 05
MgesCU15Ag10Gd10 1 935 0.2
MgesCuz.sNi75ZNnsAgsY 10 1 832 0
MgssCu75Ni75ZnsAgsY5Gds 1 928 0.57
MgesCu15AgsPdsGd1o 2 817 0.2
Mg75Cu15Gdio 2 743 0
Mg7sCusNi;oGdio 2 874 0.2
MgesCu2sGdig 2 834 0
MgesNisCu2Gdio 2 904 0.15
MgesCu7 sNi7sZNsAgsY 10 4 490-650 0
MgesCU15AgsPdsY 10 5 770 0
Mds1Cu2sGd11 4 461-732 0
Mgs1CUsGdy 1 1040-1100 0.4
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Table 2.3 Summary of the mechanical properties of the previously reported Cu-Zr-Al-(Y,

Gd, Ag) BMGs under compression tests [23, 31, 38, 39, 164, 166].

Alloy composition (at%) d (mm) E (MPa) or (MPa) gp (%)
CugeZrs7Aly 1 85 1960 1.2
CugeZrsisAl7Y 1 85 1870 3.1
CugeZrpAl7Y's 1 85 1750 3.1
CuseZrz7Al7Y 10 1 85 1640 0
CugeZrz2Al7Y 15 1 85 1090 0
CugeZrisAlZGd; 1 97 2070 1.75
CugeZrssAl;Gd; 1 97 2080 2.28
CuseZrasAl;Gds 1 97 2050 0.7
CugeZrszAl;Gdy 1 97 2020 0.47
CugeZrAlZGds 1 97 1920 0
CusoZrso 2 84 1794 4.0
Cug75Zr475Als 2 84 2265 16
CugeZrs7Aly 2 95 1900 0
CugsZrisAlzAgy 2 115 1850 8.0
CugeZrsAl;Gd;y 2 94 2020 0.47
CuseZrssAl;Gd, 2 94 2030 2.05
CugeZrssAl;Gd; 2 94 1980 1.44
CugeZrszAl;Gdy 2 94 1860 0
CuspZrsAl;Gds 2 93 1790 0

d: sample diameter
E: Young’s modulus
o, compressive fracture strength

gp: plastic elongation
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Table 3.1 Fundamental data related to the component elements in this study.

Atomic Electron-  Atomic Melting Density  Poisson
Symbol i Structure . ) o 3 .
weight negativity size (&)  point (°C) (g/cm®) ratio
Cu 63.546 FCC 2.00 1.28 1084 8.96 0.34
Zr 91.220 HCP 1.33 1.60 1855 6.49 0.34
Al 26.982 FCC 1.61 1.43 660 2.70 0.35
\/ 50.942 BCC 1.63 1.32 1902 6.11 0.37
Co 58.933 HCP 1.88 1.25 1495 8.90 0.31

FCC: face-centered cubic

HCP: hexagona close-packed

BCC: body-centered cubic
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Table 4.1 Representative EDS  results of the (Cus75Zrs7s5Als)eoVio  and

(Cuyg7.5Zr475Al5)90C010 alloys. The composition data are averaged from 10 measurements.

Average Darker Brighter
Alloy Element
(at%) Domain (at%) Domain (at%)

Cu 44.56 42.27 49.41

Zr 43.35 38.08 43.54

(Cua75Zr475Al5)90V10 V 9.00 14.58 3.93
Al 3.09 5.07 3.12

Total 100.00 100.00 100.00

Cu 44.17 55.73 35.58

Zr 42.78 32.29 41.43

(Cua7.5Zr47.5Al5)90C010 Co 10.09 1.04 20.72
Al 2.96 10.94 2.27

Total 100.00 100.00 100.00
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Table 4.2 Summary of volume fractions, the ratio of precipitated phase length over
root-radius a/p, precipitate orientation factor ai/(Fy o), and mechanical properties such as
elastic modulus (E), yield stress (oy), plastic strain (gp), and total strain (e;) of the as-cast
Cu-based BMG compressed at a strain rate of 1 x 10* s at room temperature. All of data
were averaged by at least three tests, and the maximum standard deviation is 6%, except for
the precipitate volume fraction of the Co-containing alloys where the second-phase particle

distribution is not uniform.

E oy €p g  Precipitated
Specimen alp ol (Foov)
(GPa) (GPa) (%) (%) phase (vol%)

ClUar.5Zr475Als 87 18 27 47 - - -

(CUs752r475Al5)67V3 88 19 0 20 8 7.75 6.60
(CUs75Zr475Al5)05 Vs 85 13 0 14 10 13.17 8.26
(CusrsZrazsAls)eVio 84 11 0 1.3 15 14.50 8.62
(CusrsZrazsAls)e7Cos 91 20 62 8.2 20 1.34 3.32
(CusrsZrszsAls)esCos 91 19 1.7 36 26 1.92 3.77
(CusrsZrarsAls)eoCoro 89 15 1.7 3.4 29 1.9 3.82
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Table 4.3 Summary of the volume fractions in various specimens under the as-cast and after
deformed conditions. The volume fraction for the as-cast CusrsZrs7sAls is quite low,

difficult to be calculated to a precise value, thus shown as <0.5% in the Table.

As cast After deformed
Specimen V/-containing V-containing
B2 ZrCu B2 ZrCu
phase phase
CU475Zr475Al5 <0.5% 0 1.5+0.2% 0
(CU47.52I’47.5A|5)99V1 1+0.3% 0 7.2+1% 0
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Table 4.4 Summary of mechanical properties of the as-cast Cu-based BMG at a strain rate

of 1 x 10 s™* at room temperature.

Specimen E (GPa) oy (GPa) ge (%) gp (%) &t (%)
CU47,5ZI’47,5A|5 87 1.8 2.0 2.7 4.7
(CU47.52I’47.5A|5)99V1 87 1.8 2.0 7.4 9.4
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Table 45 Summary of microstructural and mechanical properties of the as-cast

CU47_5ZI’47_5A|5 and CU47_5ZI’43A|4C00_5 BMGs. The CU47_5ZI’48A|4COO_5 BMG, cast by the B

mold, exhibits apparent work hardening, indicating the more ductile nature. The particles size

and volume fraction for the major second phase B2 or its transformed martensitic B19* phase

under the as-cast (AC) and deformed (DF) states are also compiled in this table. Note that d is

the particle size, and V; is the volume fraction. The experimental errors are all within 10%.

DF B19’ DF B19’

_ Mold ACB2 ACB2 E o &
Specimen

type  d(nm) Vi (GPa) (GPa) (%) d (nm) Vi
S

CU47,5Z|’47_5A|5 ~3 <0.5% 87 1.8 ~5 ~5 ~1.5%
mold
B

CU47_5ZI’47_5A|5 ~10 <1% 84 1.7 17 ~20 ~5%
mold
S

CU47.52I’43A|4C00,5 ~4 ~1% 85 1.7 20 ~10 ~3%
mold
B

CU47_5ZF43A|4C00_5 mold ~20 ~10% 84 1.7 23 ~25 ~10%
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Table 5.1 The measured values about one shear event for the CuseZrssAl; BMG. H* is the

heat content of the shear band induced by one single shear; x is a half-width of hot zone from

the center of shear band; t is the elapsed time of one single shear event; p, C and « are the

density, specific heat capacity and thermal diffusivity of BMG, respectively; and AT is the

temperature rise above ambient temperature. Note that the H of 1.8x10% J/m? is an average

value based on several major serrations in the stress-strain curve. The values of x, t, p, C and

a are extracted from the results of Zheng et al. [128].

H* X t P C o AT
Event
@/m?  (um) (s) (kg/m)  (I(kgK))  (m?fs) (K)
Shear 1.8x10° 7
0.4 1x10°  7.1x10®°  3.9x10° 2.3x10°
Failure  2.2x10° 471
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Table 5.2 Calculated flow velocity, Velocity change when diameter reduction, and the
Reynolds number for the two cast routes, one using sharp inlet edged mold and one using
blunt inlet edged and gradual cross-sectional area reduction mold. The kinematic viscosity of

CugoAlyg at 1450°C = 4.5 x 107" m?/s [204].

Cast by the S mold Cast by the B mold

Position Flow \elocity Reynolds  Flow \elocity Reynolds
velocity change  number velocity change  number
(m/s) (mis®)  (vLiv)  (mis) (mis®)  (vLIv)

Region 1, tank 0.03 20.7 916 0.02 0.1 274

Region 2, vena contraction  2.13 2107.0 7500 - - -

Region 3, pipe of 4 mm ~- - - 0.20 6.0 1741
Region 3, pipe of 3 mm - - - 0.35 30.3 2322
Region 3, pipe of 2 mm 1.34 - 5953 0.78 - 3483
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Figure 1.1 The vertical section of (a) the Cu-Zr-V alloy system at 50 at% Cu, and (b) the
Cu-Zr-Co alloy system at 40 at% Zr. The selected composition range in this study is indicated

by the frame. (c) XRD curves for the alloys with V and Co contents from 0 to 10 at%.

( a)lSl]G
Co<,Cu e Exp. (b)
. e [, THt 2673 L
&, i < 2183K _
& W o L+ i ; —
5 1600 * 21873 (V) 2051K
= P R =
g B Fa : ‘\ ':: J
! 5 5 . - 1339K C
= L d -y " un)—»
= 1400 ;/“ 1385K » LitL, % %-10 = o
/ 5 \] 7,
S| R T WA 50 ' 700
Co at.% Cu Cu M at.% Cu u

Figure 1.2 The related phase diagrams: (a) the Co-Cu binary [205] (b) the V-Cu binary [195]

and (c) the simulated CusoVs0Zro to CuseVoZrs section.
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Figure 2.1 A schematic diagram of the splat quenching method [46].
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Figure 2.2 A schematic diagram of the two roller quenching method [46].
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Figure 2.3 A schematic diagram of the chill block melt spinning [46].
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Figure 2.4 A schematic diagram of the planar flow casting process [46].
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Figure 2.6 Relationship between the critical cooling rate (R;), the maximum sample

ATy =(Tx -Tg) 1K
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Figure 2.9 A illustration of binary alloy system in phase diagram with a single deep eutectic

point [77].
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Figure 2.10 The atomic configuration of different atomic size systems [1].
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The constituent elements more than three kinds with large atomic size ratios
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Figure 2.11 Mechanisms for the stabilization of supercooled liquid and high glass-forming

ability for the multicomponent alloys which satisfy three empirical rules [1].
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Figure 2.12 The relationship between the bond parameters, including electronegativity
difference (Ax) and atomic size parameters (3), and the temperature interval of supercooled

liquid region (ATx) in Mg-Based bulk metallic glasses [79].
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Figure 2.14 Stress—strain curves of CuseZrso and Cus7sZrs75Als under compression at a

initial strain rate of 8 x 10 s™* [38].
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Figure 2.15 True stress—strain curves of Cus75Zr475Als under compressive loading from
(@) the bottom part of a rod and (b) the top part of the rod. With increase in the crystalline
volume fraction (b) the work-hardening effect is much more pronounced. The inset shows the
cross-section of the specimen taken from the top of the 2 mmdiameter rod. The darker phase

consists of B2 crystals and the glassy phase appears brighter. [32]
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Figure 2.17 Typical side view of the PdsNisP20 BMGs with (a) tensile (61) and (b)

compressive () fracture angle at a low strain rate [115].

Figure 2.18 Typical fracture morphologies of the ZrssCuzpAlgNigTis BMGs with tensile

and compressive fracture surfaces [97].
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Figure 2.19 Schematic deformation mechanism map of a metallic glass [118].
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Figure 2.20 Device applied to the MEMS for BMGs [119].
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Figure 2.21 Compressive stress-strain curves of the Zr-based BMG at room temperature

(300 K) and liquid nitrogen temperature (77 K) at a strain rate of 2x10™*s™* [121].
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Figure 2.22 Dependence of strength variation as a function of testing temperatures in

compression and microhardness [121].
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Figure 2.23 SEM micrographs of fracture surfaces of BMG samples tested at (a) 300 K and

(b) 77 K under compression tests [122].
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Figure 2.24 Dependence of the normalized strength as a function of the normalized

temperature for the BMGs deformed under compression tests [122].
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Figure 2.25 Fracture surface morphologies of the Zrs,sAl;oNil0CuisBe,s BMG at low

strain rates under the tensile deformation [125].

Figure 2.26 Fracture surface morphologies of the Zrs,sAl;oNi10CuisBei,s BMG at high

strain rates under the tensile deformation [125].
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Figure 2.27 Stress as a function of time of of Zr-based BMGs at various applied strain rates

of (a) 4.1x 10 s™, (b) 3.9x 10% s and (c) 3.7 x 102 s [127].
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Figure 2.28 SEM micrographs of sample outer appearances of Zr-based BMG tested to a

plastic strain of 26.4% at the strain rates of (a) 4.1 x 10*s™ and 3.7 x 102 s™ [127].
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Figure 2.29 Dependence of yield strength and plastic strain on the aspect ratio of the

Zrs59CuzAlNigTis BMGs in compression [92].

129



Figure 2.30 Fracture surfaces of the cylindrical MgessCuz5Gdio samples with the aspect ratio

of (a) 2 and (b) 0.25 in compression [95].

50

3 mm

PR L LE LT P P L L L L Ll LT Tt AL LLLELE LT
el ; .~ | annt® e, peL .

1.5mm

Figure 2.31 BMG samples with three various designed geometries (a) orthogonal, (b)

monoclinic and (c) transitional [139].
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Figure 2.32 Two-dimensional schematic diagram of atomistic deformation mechanism for

metallic glasses under applied loading [10].
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Figure 2.33 Simplified illustration of STZ deformation. (a) STZ before shear deformation

and (b) STZ after shear deformation [146].
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Figure 2.34 Compressive stress-strain curves of the ZrgpAligCuzpPdig BMG and BMGCs

with various volume fraction of Zr,(Cu, Pd) precipitated nanocrystals [65].
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Figure 2.35 Mechanical properties of the ZrgoAl10Cuz0Pdio BMG and BMGCs with various

volume fraction of Zr,(Cu, Pd) precipitated nanocrystals: (a) yield strength, oy, and the

maximum fracture strength, omax; (b) Young’s modulus, E and (c) plastic strain to failure

after yielding, €, [65].
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Figure 2.36 Compressive stress-strain curves for the monolithic Mg-based BMG and

Nb-containing Mg-based BMGC with volume fraction of 4% and 8%, respectively [165].
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Figure 2.37 SEM micrographs of (a) outer surface and (d) fracture surface for the Mg-based
BMGC. The inset in (b) shows the enlarged view of the interface where a shear band travels
into a particle; the inset in (c) shows the shear bands propagation and branching from

deformed Nb particles [165].

135



2200

2000 L injection-cast
- d=1mm
1800 __ P s AT AT
1600
—~ 1400 |-
g 1s00 | (a) Cu,Zr Al :£=320%
E I (b) CuyZr ALY, ‘g =521%
@ 1000 i (c) Cu, Zr ALY, ¢, =4.97%
S sl (d) CuygZe ALY, ¢ =1.98 %
) L (e) CuyZr, ALY, 15 =1.27 %
600 -
or Uniaxial Compression
n . 4 4
20T Strain Rate=1x10's
0 L L lf ! L ! | L | L | L | L | L
000 001 002 003 004 005 006 007 008 003 010

Strain

Figure 2.38  Stress-strain curves obtained from the uniaxial compression test of

CugeZrazxYxAl; (x =0, 2, 5, 10, 15) rod samples of 1 mm in diameter [23].
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Figure 2.39 HRTEM images, SADPs, and diffraction pattern obtained from Fourier
transform of HRTEM images for: (a) as-cast BMG rod sample with x = 5 (1 mm diameter)
and (b) BMG rod sample with x =5 (1 mm diameter) heated to 753 K in the DSC experiment,

shows the 5-7 nm nanocrystals embedded in the amorphous matrix [23].
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Figure 2.40 XRD patterns of the as-cast and fractured samples (a) Morphology of the
crystalline phase (b) before and (c) after tensile testing. (d) TEM image of the small
crystalline phase after tension and (e) an SAED pattern of a transformed crystalline phase

[33].
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Figure 2.41 Schematic of the distortions transforming the CuZr B2 into the B19’ structure

[176].
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Figure 2.42 Schematics of (a) the B2 austenite, (b) the basic and (c) superstructure

martensite including the suggested crystallographic relation [175].
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Figure 3.1 The flow chart of experimental procedures.
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Figure 3.2 The vertical section of (a) the Cu-Zr-V alloy system at 50 at% Cu, and (b) the
Cu-Zr-Co alloy system at 40 at% Zr. The selected composition range in this study is indicated

by the frame. (c) XRD curves for the alloys with V and Co contents from 0 to 10 at%.
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Figure 3.3 Illustration of an arc melting and suction casting furnace.
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Figure 3.4 Illustration of mini-suction casting machine.
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Figure 3.5 Schematic drawings of the two suction cast furnaces with different inlet edges

suction direction

entrance

from the tank to the pipe and different area-reduction rates: (a) the sharp (S) mold with the
inlet suddenly shrunk from 13 mm to 2 mm in diameter, and (b) the blunt (B) mold with the
inlet gradually narrowed from 20 to 4, 3 and 2 mm in three steps. (c) The vena contraction

caused by the sudden inlet shrinking in the S mold.
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Figure 3.6 Instron 5582 universal testing machine equipped with the linear variable

differential transformer (LVDT) displacement transducer.
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Figure 4.1 The appearance of the CusoZrs3Al; alloy rod.
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Figure 4.2 The XRD pattern of the as-cast CusoZrs3Al; alloy rod with 2 mm in diameter.

146



2.00
= |
/ 1.95)
m 2_ r—-(/
U ‘l\ 1.90}
N’ N
7)) ~l/
% 0.18 0.19 0.20 0.21
- 1
~
0 9,
0 ' | f | 1 1 L
0.00 0.02 0.04 0.06 0.08

Strain

Figure 4.3 Typical engineering stress-strain curve for the CusoZrssAl; BMG at a normal
strain rate of 1x10™ s in compression. The inset shows the enlarged view in the serrated

region.
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direction

Figure 4.4 SEM observation on the side view of the deformed CusoZrs;3Al; BMG, showing

a fracture angle and shear bands.
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Figure 4.5 SEM observations on the fracture surface of the deformed CusoZrssAl; BMG,

showing the vein-like patterns.
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Figure 4.6 SEM observations on the fracture surface of the deformed CusoZrssAl; BMG,

showing the intermittent shear region.

150



'

Figure 4.7 Fracture morphologies of the deformed CusoZrs3Al; BMG, showing the

resolidified-like droplets.

151



®Cuzr (cubic) OcCuzu (monoclinic)

V¥V CoZr (cubic) ACqu2 (tetragonal)
O Al V (HCP) By (BCCO)

23 4

v A Cu Zr, (orth%hombic)

:A !Vnn

&”‘
J C

Cu-Zr-Al-Co1
Cu-Zr-Al-Co5

Cu-Zr-Al-Co !

Intensity (a.u.)

Cu-Zr-Al-V
) ]
|
Cu-Zr-Al-V @ - ®

Cu-7Zr-Al

20 30 40 50 60 70 80

20 (degree)

Figure 4.8 XRD curves for the alloys with V and Co contents from 0 to 10 at%.
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Figure 4.9 DSC curves for the two alloys with V contents of 3 and 10 at%.
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Figure 4.10 The backscattered electron image (BEI) SEM micrographs showing the as cast
(Cuag75Zr475Al5)97V3 alloy microstructures, the sharp dendritic gray phases (as indicated by

arrows) are the V-rich phases (including pure V and Al3Vy).
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Figure 4.11 The backscattered electron image (BEI) SEM micrographs showing the as cast

(Cug75Zr475Al5)9;Co3 alloy microstructures, the rounded brighter precipitated phases (as

indicated by arrows) are the Co,Zr plus minor CuZr,.
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Figure 4.12 The backscattered electron image (BEI) SEM micrographs showing the as cast
(Cua75Zr475Al5)90V10 alloy microstructures, the sharp dendritic gray phases (as indicated by

arrows) are the V-rich phases (including pure V and Al3Vy).
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Figure 4.13 The backscattered electron image (BEI) SEM micrographs showing the as cast

(Cuag75Zr475Al5)90C010 alloy microstructures, the rounded brighter precipitated phases (as

indicated by arrows) are the Co,Zr plus minor CuZr,.
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Figure 4.14 Engineering stress and strain curves for the four CuZrAl-V alloys under study.
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Figure 4.15 Engineering stress and strain curves for the four CuZrAl-Co alloys under study.
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Figure 4.16 XRD curves for the Cu-Zr-Al-V alloys with V contents of 0 and 1 at%.
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Figure 4.17 SEM micrographs showing the as cast Cus7s5Zrs75Als alloy microstructures,
there is no phase contrast, indicating a homogeneous microstructure without any micro-sized

phase.
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Figure 4.18 SEM micrographs showing the as cast (Cus7s5Zrs75Als)99V1  alloy
microstructures, there is no phase contrast, indicating a homogeneous microstructure without

any micro-sized phase.
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Figure 419 TEM bright field images with the inserted high resolution images and
associated diffraction patterns for the deformed Cuaz5Zr475Als sample. The few fine nano B2
phase is not apparent in the diffraction pattern, but can be clearly seen in high resolution

micrographs where the fine B2 CuZr precipitates are imbedded in the amorphous matrix.
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Figure 420 TEM bright field images with the inserted high resolution images and
associated diffraction patterns for the deformed (CuazsZrs7sAls)eV1 sample. The few fine
nano B2 phase is not apparent in the diffraction pattern, but can be clearly seen in high
resolution micrographs where the fine B2 CuZr precipitates are imbedded in the amorphous

matrix.
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Figure 4.21 Variation of viscosity (measured by TMA) as a function temperature for the

CU47_5ZF47_5A|5 and (CU47_5ZI’47,5A|5)99V1 aIonS.
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Figure 4.22 Engineering stress and strain curves for the Cus7s5Zrs75Als and
(Cug75Zr475Al5)99V1 alloys studied. The curve of (Cuszs5Zra75Al5)99V1 Sample is shifted to the

right by 0.01 strain for easy comparison.
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Figure 4.23 XRD patterns of the Cus;5Zr475Als (CZA) and Cugz5Zri8Al4Cops (CZA-Co),
cast by the S or B mold under the as-cast (AC) or deformed (DF) condition. The patterns for
the CZA and CZA-Co cast by the S mold, under the AC and DF conditions are both the same;

so only the AC scans are shown.
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Figure 4.24 The backscattered electron image (BEI) SEM micrographs showing the
microstructure of Cus75Zr8Al4Coos alloy cast by the S mold, showing a monolithic

amorphous structure without micro-sized precipitates.
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Figure 4.25 The backscattered electron image (BEI) SEM micrographs showing the
microstructures of Cus7s5ZrisAlsCoos alloy cast by the B mold, showing several
near-spherical-shaped gray regions full of the CuZr nanophases embedded in the amorphous

matrix.
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B19° [101] B19’ [101]

Figure 4.26 The TEM HR image presents the twin associated with the B19’ phase in the
Cug75Zr475Als deformed sample cast by the B mold, with the inserted selected area

diffraction (SAD) patterns for areas without (left) and with (right) twining.
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Figure 4.27 Engineering stress and strain curves for the four alloys studied. For easy
observation, each stress-strain curve is shifted horizontally. The inserted curves show the

apparent work hardening behavior in the Co-containing alloy cast by the B mold.
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Figure 5.1 The compressive load-displacement curve of the CusoZrs3Al; BMG. The

triangles represent the energy release during one serration and at failure.
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Figure 5.2 The dependences of energy releases and the corresponding temperature rises as a
function of shear events during plastic deformation for the CusoZrssAl; BMG, together with

fracture morphologies.
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Figure 5.3 (a) Nomenclature for the geometry and coordinate axes for stress analysis in the
specimen with a notch under compression. (b) and (c) show the difference in stress

concentration with different precipitation shapes in the V and Co-containing alloy systems.
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Figure 5.4 The initial and final energy densities of the system.
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Figure 5.5 Schematic drawings of the evolution of the liquid-phase separation region from

the top ingot melt down to the 2 mm pipe: (a) the S mold, showing the violent separation into
small droplets with the observed SEM images at different locations, and (b) the B mold,
showing the large near-rectangle-shaped separation region gradually change its shape an

dispersion into the final near-spherical regions with the corresponding SEM images.
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Figure 5.6 The variation of the fluid velocity at different locations with different distances

from the upper ingot melt, in the case of the S or B mold.
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